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ABSTRACT 
Complex perovskite oxides have been studied extensively over the past few decades due to their 
wide range of functional properties and relative ease of epitaxial synthesis. These two factors 
have allowed such oxide systems to see a multitude of applications including sensors, memory, 
thermal management, and energy harvesting. The ability to access so many different 
functionalities is owed largely to the chemical diversity available to the perovskite unit cell, 
opening the door for metal-insulator-transitions, ferroelectricity, and superconductivity, to name 
a few. However, the same chemical diversity that enables so many potential applications also 
opens the door for a myriad of chemistry-related defects. Separating out the relative contributions 
of such extrinsic (or defect-driven) effects from the intrinsic material properties is crucial to 
enabling the use of these materials in high-performance, next-generation devices. In this work, 
we examine several model systems in order to explore the relationship between the pulsed laser 
deposition growth process, the film chemistry, and the subsequent effects on the defect landscape 
and film properties. We show that small changes to the laser fluence can have a marked impact 
on the chemical composition of the film, leading to cation stoichiometry deviations as large as 
10% in SrTiO3, LaAlO3, and NdNiO3 systems. We demonstrate that such chemical deviations 
can lead to significant changes in the bulk thermal and dielectric properties of SrTiO3 and 
LaAlO3 films. We have also investigated the interface between SrTiO3 and LaAlO3, which has 
been studied extensively over the past 8 years due to the supposed presence of a 2-dimensional 
electron gas (2DEG). Our results indicate that the presence of cation defects in the LaAlO3 has 
a profound impact on the electronic properties of the 2DEG interface. Finally, we have similarly 
shown that cation non-stoichiometry can cause the metal-insulator-transition material NdNiO3 
to behave more like a degenerately doped semiconductor, suppressing both the high-temperature 
metallic and low-temperature insulating states.  
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CHAPTER 1 
INTRODUCTION TO COMPLEX OXIDES 
1.1 – Complex Oxide Background and History 
Transition metal oxides present an impressive variety of functionality which is not 
available in more traditional systems such as group IV and III-V semiconductors or elemental 
metals. Among the many possible functionalities are, for instance, ferroelectricity1 and 
magnetism,2 colossal magnetoresistance,3 and high temperature superconductivity,4 with 
transport character ranging from insulating to semiconducting to metallic. Furthermore, these 
properties are extremely sensitive to perturbations from chemistry, structural defects, strain and 
many other effects and this, in turn, provides the materials engineer a number of routes by which 
to engineering new functionalities in this class of materials.5 Add to this a growing interest in 
the study of interfaces (be they natural or artificial) in materials and the community is presented 
with an opportunity for an even greater level of control, including the engineering of interesting 
systems such as exchange-bias devices,6,7 tunnel junctions,8 charge confinement systems,9 
systems exhibiting structural instability coupling,10 and structures with built-in electric fields.11 
Such exotic advances have leveraged the development of modern thin-film synthesis techniques 
which allow for the unprecedented control of the chemical and structural nature of these 
materials down to the unit cell level and thus enable researchers to begin to approach the exacting 
quality and control found in more conventional systems. Furthermore, by studying the limitations 
of these material systems, we can begin to identify phenomena which depend on the presence of 
imperfections rather than being limited by them. 
Although the microelectronics industry is largely dominated by more traditional systems 
(such as group IV or III-V materials), the wide-range and magnitude of functionality accessible 
in the complex oxides, however, makes them strong candidates for so-called “next generation” 
devices. Indeed, some complex oxides have already seen significant applications in sensors and 
actuators, owed largely to their piezoelectric responses, such as the canonical ferroelectric PbZr1-
xTixO3. Others still have seen applications in optoelectronics and capacitors, such as LiNbO3 and 
Ba1-xSrxTiO3, respectively. Many ferroelectrics have been implemented in various technologies, 
such as nonvolatile ferroelectric memory.12 Another example is Indium-Tin-Oxide which has 
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seen widespread use as a transparent electrode for applications such as LCD technology.13 The 
inroads of such materials into real applications has been aided, in some cases, by the relatively 
strong ability for many of these complex oxides to be robust in the face of chemical and structural 
imperfections. The application of this class of materials for next-generation electronics 
applications, however, requires that we exert a more exacting and precise control of these 
materials as the electrical transport is generally much less forgiving than many of the other 
properties of interest. The ability to carefully and systematically control interfaces in superlattice 
and heterostructures coupled with general increases in the quality of oxide synthesis techniques, 
however, is beginning to narrow the competitive gap. In fact, several two-dimensional systems 
have presented exceedingly high-mobility transport (such as ZnO/MgxZn1-xO interfaces, 
~1.8x105 cm2 V-1 s-1).14 
While even simpler oxide systems, such as 
the binary oxides, demonstrate properties as 
diverse as ferromagnetism or even 
superconductivity, it is the ternary systems which 
have received the most attention in recent years. In 
particular, materials possessing the perovskite 
structure (with chemical formula ABO3, Fig. 1.1) 
has been observed to exhibit an incredible variety 
of functionality and phenomena. The cation sites of 
this structure can support a huge range of rare-earth 
and transition metal species, with access to a 
multitude of ionic radii and valence states. It is this 
diverse variety of elemental access that allows 
these ternary oxides to exhibit such a range of 
complex phenomena. While the cubic, 
centrosymmetric lattice is only present in a small 
range of combinations of ionic radii, a myriad of 
lower-symmetry lattices are available depending on the relative size of the cations. This 




where rA, rB, and rO are the radii of the A, B, and o xygen site, respectively.
15 When this factor is 
Figure 1.1: Cartoon depiction of a perovskite 
unit cell. The yellow circles represent the 
oxygen atoms (unit cell face centers), the blue 
circles represent the A-site cation (unit cell 
corners), and the B-site cation sits in the center 
of the orange octahedral (unit cell body 
center). 
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not equal to 1, structural distortions break the cubic symmetry. Such distortions have major 
effects on the physical properties of the system. For example, SrTiO3 has a tolerance factor of 
~1, and is known to be a cubic insulator. By replacing the Sr cation with the isoelectronic Ba or 
Ca cations, we can manipulate the electronic response. BaTiO3 has a t > 1, and distortions of the 
Ti4+ cations lead to ferroelectric ordering in the system. Alternatively, CaTiO3 has a t < 1, which 
leads to rotations of the oxygen octahedra around the B-site, causing antiferrodistortive ordering. 
Indeed, the orientation and shape of the oxygen octahedra are of central importance for many 
perovskites oxides. Rotations and distortions can lead to changes in the B-O-B bond angle, which 
can lead to changes in magnetic or transport properties. Examples of these effects can be seen in 
the manganites16 or nickelates,17 where bond angle changes manifest as changes in magnetic 
superexchange (manganites) or metal-insulator-transition temperature (nickelates). 
With access to such a richness of functionality, complex oxides are an extremely 
desirable area of investigation for scientists and engineers. This richness is owed largely to the 
chemical diversity that the perovskite structure allows. The same chemical diversity that enables 
so many potential applications, however, also opens the door for a myriad of chemistry-related 
defects and related effects. Separating out the relative contributions of such extrinsic (or defect-
driven) effects from the intrinsic material properties is crucial to enabling the use of these 
materials in high-performance, next-generation devices. In order to control and understand these 
effects, it is important to first understand the origin and behavior of defects in oxide systems. 
1.2 – Defects in Complex Oxides 
All functional materials rely on our ability to optimize electrical, thermal, optical, and 
structural properties to unlock potential applications. At the heart of this optimization for many 
systems lies control over defect behavior and formation, as the properties in question are 
inextricably linked to the nature and arrangement of such defects. This has been especially true 
in the semiconductor industry, where control over electronic and optical properties has been 
based on control over the concentration and distribution of chemical dopants, often on a parts-
per-million scale. More recently, transition metal oxides have begun to receive increasing 
interest, largely due to their diverse functionality discussed in the previous section. Due to the 
inherently higher impurity levels in many of these oxides, however, carefully controlling the 
formation and behavior of the defects within is considerably more difficult. 
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In ionic solids, there are many dimensionalities of defects which can form. That said, the 
zero-dimensional, or point, defects are perhaps the hardest to control and play a very important 
role in controlling and optimizing the properties of these materials. Point defects are broadly 
characterized by the fact that they break the long-range periodicity of the crystal structure. There 
are several varieties that can occur beyond the basic vacancies, interstitial, and substitutional 
defects common in all materials. One example of a more complex defect is the Frenkel pair 
defect, which occurs when an atom moves from its place within a lattice, leaving a vacancy and 
creating an interstitial. Another example is the Schottky pair defect, which consists of at least 
two paired vacancies. These pairs will form because vacancies in ionic solids will have a net 
charge and by pairing anion and cation vacancies together, the lattice can maintain charge 
neutrality. Vacancies can also cluster together in larger complexes which can help, for example, 
screen out substrate strain effects.18 
There can be several sources responsible for the formation of vacancies in perovskites 
oxide systems. First, there are a certain number of defects which are thermodynamically 
generated. While the formation of such defects has an energy cost, it also increases the 
configurational entropy, leading to an overall reduction in the free energy. The concentration of 
these defects is closely linked to the temperature and nature of processing of the material and, in 
Figure 1.2: Visual depiction of the difference between Schottky pair and Frenkel pair defects. 
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the case of oxygen vacancies, to the ambient gas pressure. Second, there can be a chemical 
driving force present in the ternary oxides. When there is excess or deficiency of one cation over 
another, this can drive the formation of accommodating defects such as vacancies or more 
complex structures such as the Schottky or Frenkel pairs.19 Finally, the nature of the synthesis 
process (in particular for thin films grown via highly energetic processes such as pulsed laser 
deposition or sputtering) can induce additional changes in the chemistry of materials, drive 
damage to the surface of the film, and enhance the density of defects.20 For all cases, the lattice 
must compensate to neutralize the differences in charge cause by the defects in question, which 
can be accomplished in two ways. First, electrons or holes may be added to the system to offset 
the charge of the vacancy. Second, the lattice may pair off vacancies of opposite charge, called 
Schottky pairs. The nature and concentration of these defects play a strong role in determining 
the properties of the materials. However, there is no well-established quantitative correlation 
between the observed physical properties of a system and the structure and concentration of the 
defects therein.  As a result, investigating thin film perovskites for their point defect structure is 
a challenging and important endeavor. 
 
1.3 – Statement of Thesis 
The goal of my work is to study the relationship between growth conditions, 
stoichiometry, and the subsequent properties of complex oxide thin films. Broadly speaking, the 
purpose is to understand the relative importance of intrinsic and extrinsic properties and 
phenomena that arise from our inability to synthesize “perfect” materials and interfaces. In 
order to utilize complex oxides for advanced applications we must first understand the nature of 
these defect structures, what role they play in the evolution of the properties, and, in turn, how 
to control them in the synthesis of these materials. This work will focus primarily on three 
prototypical perovskite materials: SrTiO3, LaAlO3, and NdNiO3. Traditionally, SrTiO3 and 
LaAlO3 have been considered for electronic, dielectric, and thermoelectric applications. SrTiO3 
is notable for its high static dielectric permittivity (εr ~300 at room temperature and rapidly 
increases upon cooling to values in excess of 20,000)21 and has drawn attention as a candidate 
material for thermoelectrics based on its large thermopower and its susceptibility to donor-
doping by cationic substitution and oxygen reduction.22,23,24,25 LaAlO3 has been of interest for its 
potential application in high-κ gate dielectrics.26,27 More recently, researchers have been eagerly 
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pursuing the development of unexpected phenomena at the heterointerface between LaAlO3 and 
SrTiO3.
28 Since the initial discovery of a conducting state at such heterointerfaces in 2004, there 
have been a number of exciting findings related to these interfaces including the observation of 
magnetic ground states,29 superconductivity,30 and built-in polarizations.11 Researchers have 
incorporated these interfaces on silicon wafers31 and have demonstrated electric-field writing of 
insulating and conducting states at the nanometer-scale.32 Finally, the sharp temperature-driven 
metal-insulator transition (MIT) in rare earth nickelates has drawn considerable attention.17 
While the exact nature of the transition is unclear, researchers have been able to use hydrostatic 
pressure,33 epitaxial strain,34 doping,35 and alloying36 to manipulate the character of the MIT. 
My interest in these materials arises from the fact that even in a system as basic SrTiO3, 
there are a number of papers reporting diminished dielectric37 or thermal38 properties for films 
which are otherwise supposedly bulk-like. Such deviations from ideal properties are indicative 
of the presence of extrinsic factors that seem to play a major role in determining the overall 
response of the material. These extrinsic factors have been shown to be closely linked to the 
specific conditions under which the films were synthesized. This growing body of work provides 
strong evidence that understanding growth-induced defects in complex oxide systems is 
important to controlling the properties of the materials and enabling synthesis of “bulk-like” or 
ideal films. 
In this thesis, I present several studies which will help answer the following central 
questions that have guided my research: 
•  What steps must be taken in order to synthesize nearly ideal oxide films via PLD and 
how does one probe the chemical and structural nature of materials to aid this goal?  
•  What kinds of defects form when deviating from ideal film growth? How do these defects 
impact the properties of interest (i.e., thermal, dielectric, electric, etc.)?  
•  What is the intrinsic response of the system and when do extrinsic contributions arising 
from our inability to make a perfect material begin to dominate the properties of the film 
or interface?  
•  Can we reliably synthesize films of sufficiently high quality to probe and utilize the 
intrinsic properties of the system?  
These questions have lead me to probe the effect that laser fluence has on the subsequent 
stoichiometry of SrTiO3, LaAlO3, and NdNiO3 thin films. Using a variety of characterization 
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techniques, I have probed the evolution of material structure and chemistry as a response to 
changes in the growth process. By leveraging techniques such as TDTR, C-V studies of dielectric 
properties, temperature- and field-dependent electronic transport, and much more I have revealed 
that the growth process can induce and the materials can maintain in excess of +/- 10% non-
stoichiometry without secondary phase formation and that even a few atomic percent of non-
stoichiometry can give rise to significant changes to the thermal, dielectric, and transport 
properties of the materials such as SrTiO3, LaAlO3, and NdNiO3. Ultimately I have been able to 
relate the dramatic variations in the functional properties and performance back to the 
competition between intrinsic and extrinsic contributions to the response of these materials. As 
part of this work I have provided a clear algorithm and approach to the production of high-
quality, nearly ideal materials, have explored the limitations of our modern growth techniques 
to produce such systems, and have demonstrated what it takes to exert the exacting control of 
properties that will be required to enable next-generation devices based on these exciting 
materials. 
 
1.4 Organization of Thesis 
The Remainder of this dissertation consists of five chapters, four appendices, and for the 
associated references. 
In Chapter 2, we will discuss the pulsed-laser deposition growth process. This process 
has served as the foundational for modern research and development experimental study of 
complex oxide thin films. We first look at the history of the method and its application for several 
materials systems. We then consider the strengths and limitations of the growth technique and 
develop an understanding of how this growth process has a role to play in the introduction of 
extrinsic factors to material properties and performance. 
In Chapter 3, we explore our first prototypical oxide systems as we investigate the impact 
of growth conditions on the composition and properties of SrTiO3. We present a detailed study 
of the chemical, structural, thermal, and dielectric properties of thin-films of this material. Our 
results reveal that even for a system as basic and widely studied as SrTiO3, growth-induced 
stoichiometric deviations are a major factor for material properties that has been largely 
overlooked in the past. 
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In Chapter 4, we apply what we have learned from work on SrTiO3 to study a similar 
system, LaAlO3. We begin with a series of structural, thermal, and dielectric characterizations 
of the base material before proceeding to probe the interfacial electronic properties of the 
LaAlO3/SrTiO3 heterointerface in order to investigate the effect of growth-induced defects on 
the interfacial conductance. These results help to shed light on some of the prior inconsistencies 
observed in this system in previous works. 
In Chapter 5, we look at the charge-ordered MIT material NdNiO3. We perform a 
thorough study of the chemical, structural, and electrical transport properties of the material. Our 
results indicate the importance of chemical composition on the subsequent transport properties 
of the rare earth nickelates. Using this knowledge, we go on to investigate the effect of substrate 
orientation on the character and anisotropy of the MIT. 
The main text is supported by a number of Appendices that include additional and 
supporting details of the main text. Appendix A provides specific details concerning film growth 
and gives a basic determination of laser fluence as used throughout the manuscript. Appendix B 
discusses the XPS measurements with a focus on calibrating the technique using single crystal 
samples and how the film compositions are determined. Appendix C covers the details of RBS, 
specifically discussing how composition is determined and how we calculate the accuracy of the 
method. Finally, Appendix D introduces the TDTR technique for measuring the thermal 





PULSED LASER DEPOSITION 
 Pulsed laser deposition has been the primary work-horse behind complex oxide research 
for the past two decades. This is owed to the wide range of material systems which are easily 
compatible with the growth process as well as the relatively fast turn-around between the 
conceptualization of a new material system and its subsequent synthesis. Over the course of 
PLD’s tenure as one of the principle method for complex oxide synthesis in research, it has been 
often lauded as a technique which easily maintains material stoichiometry from target to film. 
This arises partially from the simplified position that PLD is a non-equilibrium, congruent 
ablation process that depends solely on interactions between the laser and target material. The 
reality, however, is that PLD is a highly chaotic process consisting of multiple complex 
interactions that all impact the quality of the subsequent film. While interactions between the 
laser and the target are important, so too are interactions between the laser and the growth 
plasma, interactions between the ions within the plasma, and interactions between the adatoms 
and the ambient scattering gas. These interactions can be controlled somewhat by adjusting the 
various growth parameters for the PLD process, such as laser fluence, growth pressure, working 
distance, and deposition angle. However, the relationship between these parameters and the 
multiple growth interactions are not always straight forward and never controlled independently. 
For example, laser fluence can impact all of the aforementioned processes and changes in growth 
pressure have implications for all interactions occurring with the plume. 
2.1 History of Development 
Experiments on the interaction between high powered lasers and solid surfaces began in 
the mid-1960s.39 After observing the effects of material vaporization, researchers quickly 
identified that laser ablation was a promising technique for thin film deposition.40 Much of the 
early work on this topic was performed using ruby lasers for several model semiconductor 
systems40 and these experiments were often plagued with insufficient laser power and long pulse 
durations. Advances to laser technology, enabling lower wavelengths, higher power, and much 
shorter pulse durations, were instrumental in diversifying the material selection portfolio for this 
process.41,42 Indeed, it was in this period of time that the first ferroelectric oxides were grown 
via PLD.41 During the 1980s, further improvements in commercial laser technology (Nd:YAG 
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and KrF lasers) saw the quality of PLD-grown semiconductors to begin approaching MBE-level 
quality.43,44 Finally, it was the application of the laser ablation growth techniques for high Tc 
oxide superconductor materials in the late 1980s that brought the process to the mainstream.45 
Following the success of the high Tc superconductors, there were several pioneering works on 
oxide ferroelectrics in the early-1990s.46,47 Overall, these early works have allowed PLD to 
become a dominant growth technique for complex oxide materials over the last 20 years. 
The theory of laser-solid ablation has developed alongside the technique itself. Early 
models assumed thermal evaporation of the target material.48 These models were primarily used 
to study low-powered laser effects on metallic surfaces. However, they were found to break 
down for experiments using higher laser power densities, and did not accurately predict ionic 
emission.49 As the experimental setups of the PLD process changed with technological advances, 
so too did the models. More complex models explaining liquid expulsion,50 molten target 
effects,51 thermal shock effects,52 and higher-order laser-plume interactions53 have been 
developed and have broken down the absorption process into three mechanisms: 
 Lattice absorption in the material volume 
 Free carrier absorption at the material surface 
 Plume absorption 
The specific properties of the ablated material determine how important each effect is to 
the deposition process. On one end, 
metallic materials are dominated by 
free carrier absorption and on the 
other end, dielectric materials are 
dominated by lattice absorption. 
Semiconductors, naturally, fall in 
between these two extremes. 
However, the situation is not quite 
this simple, as we will discuss in the 
next section. Broadly speaking, the 
PLD process has been observed to 
be a highly complex process with 
Fig. 2.1:54 Schematic illustrating key elements of the ablation 
event. (a) Initial absorption of laser radiation (indicated by 
long arrows), melting and vaporization begin (shaded area 
indicates melted material, short arrows indicate motion of 
solid–liquid interface). (b) Melt front propagates into the solid, 
vaporization continues and laser-plume interactions start to 
become important. (c) Absorption of incident laser radiation 
by the plume, and plasma formation. (d) Melt front recedes 
leading to eventual re-solidification. (Reproduced from Ref 54 
with permission from the Royal Society of Chemistry.) 
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multiple active mechanisms that may interact with each other and it is important to understand 
all of these effects.  
2.2 Growth Mechanisms 
The standard picture for ablation begins with the incident laser creating a molten layer of 
material at the surface of the target as energy is absorbed by the surface. This molten layer is 
called the Knudsen layer (Fig 2.1a).54 There is a solid-liquid interface, which we will call the 
melt front, which begins to propagate through the target. During this period of time, vaporization 
begins to occur at the surface of the target (Fig. 2.1b). As the melt front continues to propagate, 
interactions between the plume and the laser start to dominate, as energy is added direction to 
the plasma from the laser (Fig. 2.1c). The plume will rapidly expand away from the target, and 
the melt front will begin to recede in the target as re-solidification begins to occur (Fig. 2.1d). 
Within this simple picture there are several active primary or secondary mechanisms contributing 
to material transfer. Primary mechanisms have generally been sub-divided into thermal, 
electronic, and macroscopic sputtering, the relative importance of which are highly material- and 
laser-dependent.54 
Thermal sputtering is perhaps the most intuitive of the mechanisms, and requires local 
temperatures well above the melting or boiling point of the target material. This mechanism 
depends on coupling and energy transfer between the phonon vibrational modes of the target and 
the incident photons. This mechanism will tend to be favored in cases where targets have either 
low laser reflectivity, large absorption coefficients at the laser wavelength, lower thermal 
conductivity, and a relatively low boiling temperature.54 Evidence of thermal sputtering can 
manifest as regions that have been visibly melted and re-solidified. Electronic contributions to 
sputtering consist of several different potential responses involving direct electronic excitation 
or ionization such as ion explosions,55 defect formation,56 or excitation of surface plasmons.57 
Taken together, these essentially represent direct excitation of electrons, transitioning individual 
ions into antibonding states,58 which results in a dense, highly repulsive plasma that expands 
violently and energetically. Sputtering from electronic mechanisms are characterized by highly 
non-thermal adatom velocities and extremely high adatom temperatures (as high as 40,000 K) 
as determined by κBT.59 Finally, macroscopic particulate ejection can occur for a number of 
reasons. Explosive boiling, sometimes called phase explosion, can lead to an expulsion of liquid 
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droplets within the plasma.60 Thermal shockwaves within the target can also lead to expulsion 
of liquid droplets or exfoliation of other large volumes of material. 
As the plume expands outward from the target, it interacts with the ambient gas (Fig. 
2.2).61 This gas can have the effect of scattering adatom species within the plume, attenuating 
the energetics of the plume, and overall serving to thermalize the plume energy. This can have 
an impact on the deposition rate and average adatom kinetic energy, which in turn can have a 
significant impact on the film nucleation and growth. The use of reactive gas, such as O2, can 
lead to the formation of molecules within the plasma as ionic species begin to re-oxidize.61,62 
More generally, increases in the background pressure have been seen to increase plume 
fluorescence, sharpen the shape and boundary of the plume, slow the propagation of adatoms, 
and spatially confine the plume.53 Given standard deposition conditions, adatom energies in the 
1-100 eV range have been observed regularly63 and the angular distribution of material will have 
a cosnθ form with reasonable n values in the range of 4-15. 
These interactions have all been observed to impact the composition and adatom energy 
of the subsequent plume. Early work on laser-solid interactions in FeSiGaRu films demonstrated 
incongruent ablation of the target species as a function of laser energy.64 This was correlated to 
preferential evaporation of Ga from the target a low fluences and resputtering of Ga atoms off 
of the film at high fluences due to high-energy adatoms. Others have observed a strong 
relationship between growth pressure/deposition angle and film composition.65 Based on these 
studies, it is clear that differences in scattering behavior between adatoms with different masses 
can lead to an inhomogeneous angular distribution of cations. Furthermore, incongruent ablation 
from the surface of the target can be an important factor for some materials. 
2.3 Deposition of Oxides 
As discussed in section 2.1, high TC superconducting oxides were a major factor in 
pushing the PLD growth process into the forefront of research. During the 1990s and early 2000s, 
further developments in complex oxide film growth and characterization have continued to rely 
on PLD as a workhorse for sample fabrication. There are a number of reasons for the dominance 
of PLD over other thin film techniques such as MBE, although cost is a strongly contributing 
factor. This is due to the fact that one laser can experimentally support several growth chambers 
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and the fact that PLD growth 
chambers are considerably cheaper 
than oxide MBE chambers. The 
growth targets will tend to be either 
ceramic or single crystals of the 
desired material, which are also 
relatively inexpensive and easy to 
replace when compared to 
elemental effusion cells for MBE. 
These factors have made PLD an 
inexpensive, versatile technique 
capable of handling a wide range of 
oxide materials with the only 
limitation being access to a target of 
the desired system. The growth is 
often carried out at relatively high 
partial pressures of oxygen, 
mitigating the need for UHV 
capabilities. Finally, many of the 
pioneering works performed on the 
high TC oxides reported PLD to be 
excellent at maintaining stoichiometry between the target and the film. This arose from 
observations that researchers were able to grow superconducting films for a wide variety of 
growth conditions.66 Since superconductive behavior was highly composition-dependent in these 
materials, it was assumed that all films observed to possess superconductive transport were fully 
stoichiometric. However, as the PLD field has evolved, many of the experimental conditions that 
were commonplace during the early work on complex oxide epitaxy are no longer quite as 
common. Out of a desire to synthesize these structures under more controlled conditions, 
researchers have begun to move to slower growth rates, lower laser fluences, and more thorough 
characterization methods to identify the presence of defects. So it is ultimately from these early 
works that a fundamental assumption began to arise about the PLD process, specifically, that it 
Fig. 2.2:61 2D images of the plume emission from SrTiO3 
deposition for three different values of laser fluence at three 
delay times within the ambient gas. (Reprinted with 




is a perfectly stoichiometric transfer of material for reasonable growth conditions. However, as 
the technique has evolved, the operating conditions have changed, and our standards for film 
quality have increased, it has started to become clear that many of the early assumptions about 
this technique may no longer hold. And so, it is this fundamental assumption that we will attempt 
to challenge throughout this work. 
Moving forward, we will use three model systems to challenge these fundamental 
assumptions. We will visit a number of discrepancies present in literature for SrTiO3, LaAlO3, 
and NdNiO3. As we establish a relationship between growth conditions and film composition, 
we will see that many inconsistencies in the field have arisen from the incorrect assumption that 
PLD is an inherently stoichiometric process. It is important to recall that PLD is a chaotic process 
involving multiple sputtering mechanisms as well as multiple matter-laser interactions in the 
target and in the ablated plasma. Thus, it can be very difficult to establish a direct and exclusive 
relationship between individual growth parameters (fluence, pressure, distance, angle, etc.) and 
the composition, angular distribution, energy, and oxidation state of the ejected atoms. This 
ultimately means that synthesizing the desired films or interfaces requires a careful and 
systematic optimization of the growth process which utilizes multiple characterization 






3.1 Introduction and Background 
For decades, oxide materials such as SrTiO3 have been considered for electronic, 
dielectric, and thermoelectric applications. The static dielectric permittivity (εr) of SrTiO3 is 
~300 at room temperature and rapidly increases upon cooling to values in excess of 20,000 in 
the quantum paraelectric state below 10K.21 Likewise, SrTiO3 has drawn attention as a candidate 
material for thermoelectrics based on its large carrier effective mass and resulting large 
thermopower.22,23,24 More generally, SrTiO3 is one of the most widely studied perovskite oxides 
and is highly-susceptible to donor-doping by cationic substitution, oxygen vacancies, and field 
effects that result in a dramatic range of transport properties ranging from insulating to metallic 
to superconducting states.25,67,68,69  
Over the last few years there has been increasing study of SrTiO3 as a candidate 
thermoelectric material. Much of this work has focused on fine-level control of doped varieties 
of this material. SrTiO3 is a large band gap semiconductor that can be controllably doped on 
either the Sr- or Ti-sites or with O-vacancies to achieve n-type carriers. For thermoelectric 
applications, one must maximize the figure of merit for thermoelectrics (ZT) which is defined as 
(S2σ/κ)T where S2σ is the power factor, κ is the thermal conductivity, and T is the temperature. 
In SrTiO3, the power factor can be as large as 36 μW K-2 cm-1 near room temperature, comparable 
with commercial thermoelectrics.70 The prevailing opinion is that SrTiO3 may be a promising 
thermoelectric if the thermal conductivity of this material can be reduced. Recently researchers 
have tried nanostructuring via superlattice formation as a way to reduce the thermal conductivity 
of SrTiO3.
37,71 Furthermore, recent reports of the effect of double-doping of SrTiO3 suggest 
improved performance in part arising from a greatly diminished room temperature thermal 
conductivity.24 The work to-date does not provide an in-depth discussion of the mechanism for 
diminished thermal conductivity despite the importance of these observations for the observed 
improvements in performance.  
At the core of these observations, is a growing concern that as we push the limits for 
growth and characterization of modern thin film materials, we are increasingly observing exotic 
phenomena that may not be intrinsic properties of materials. These phenomena, however, may 
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be the result of advanced characterization techniques probing our inability to synthesize 
materials with the precision we desire. In the current work, we investigate the validity of one of 
the most fundamental assumptions about pulsed laser deposition: that this technique has an 
exquisite ability to maintain stoichiometric transfer of components from target to film.45,72 In 
particular, we examine the laser fluence73,74 and angular dependence75 of thin film stoichiometry 
and the impact of variations in stoichiometry on the structure,76 dielectric response,77,78,79 and 
thermal conductivity38 of SrTiO3 thin films. As the interest in thin films of complex oxide 
materials has blossomed, researchers have pushed the limits of the available growth techniques 
as they search for control of these materials at the same level as conventional semiconductor 
materials. In SrTiO3 alone, this has driven a revisit to homoepitaxy
80 and studies of quantum 
phenomena in homoepitaxial structures including the observation of exceptionally high (>30,000 
cm2 V-1 s-1) charge-carrier mobility.81 These studies have required state-of-the-art deposition 
methods (including custom molecular beam epitaxy techniques) to elicit fine-level control over 
chemistry, low-temperature transport studies, and more. In this chapter, we develop a better 
understanding of the effect variations in the pulsed laser deposition growth parameters 
(especially laser fluence and growth geometry) on the chemistry and properties of intrinsic 
SrTiO3 thin films. We examine a number of non-destructive characterization routes by which we 
can examine the chemistry, structural quality, and 
physical properties of instrinsic-SrTiO3 films. With 
this information, we then discuss the implications 
of these observations for the greater study of 
SrTiO3 films and applications. 
3.2 Experimental Methods 
Thin films of SrTiO3 were grown via 
pulsed laser deposition using a KrF excimer laser 
(LPX 205, Coherent) at 750°C (temperature 
measured by a thermocouple embedded in the 
heater block) in 100 mTorr of oxygen pressure 
from a single crystal SrTiO3 target. Films were 
grown on SrTiO3 (001), NdGaO3 (110), and 0.5% 
Nb-doped SrTiO3 (001) single crystal substrates 




attached to the heater block via Ag 
paint (Ted Pella, Inc.). The laser 
fluence was varied between 0.35 
and 0.69 J/cm2. Films grown at 0.35 
J/cm2 were grown at 15 Hz and 
films grown at fluences in excess of 
0.35 J/cm2 were grown at 5 Hz. We 
note that this variation in laser 
repetition rate was found to have a 
negligible effect on the properties 
reported here. The target for this 
study was a 0.5 mm thick SrTiO3 
(001) single crystal (Crystec, 
GmbH). Consistent with previous 
studies, the target was sanded, 
cleaned, and sufficiently preablated to assure the target surface had reached steady state prior to 
growth. The on-axis target-substrate distance was maintained at 6.35 cm for all depositions. 
Substrates were placed at different locations upon the heater block to vary deposition angle 
(which resulted in small deviations in target-substrate distance) (Fig. 3.1). As part of this study 
we have investigated films between 50 and 320 nm in thickness. Following growth, films were 
cooled at 5°C/min. to room temperature in 700 Torr of oxygen to promote oxidation of the films.  
Chemical analysis of samples was completed using a combination of XPS (details 
provided in Appendix B) and RBS (details provided in Appendix C). Structural studies have 
been completed using high-resolution X-ray diffraction and reciprocal space mapping (RSM) 
(Panalytical, X’Pert MRD Pro) and cross-section scanning transmission electron microscopy 
(STEM). Electrical characterization included the study of dielectric constant and loss tangents 
of 110 nm Pd/200 nm SrTiO3/0.5%Nb-SrTiO3 capacitor structures using an Agilent 4284A LCR 
meter for frequencies between 102-105 Hz. Finally, thermal conductivity was probed using 
TDTR (details provided in appendix D).  
 
 
Figure 3.2: Typical XPS spectra from films grown at 0.4, 0.6, 
and 0.8 J/cm2, (a) Ti 2p and (b) Sr 3d edges. Typical XPS 
spectra for as-received and etched and annealed SrTiO3 (001) 
substrates, (c) Ti 2p and (d) Sr 3d edges. 
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3.3 Effect of Laser Fluence on Film Stoichiometry 
We begin by discussing the result of chemical analysis of the cation stoichiometry of 
these films. One non-destructive technique for characterizing film composition is to measure 
core-level photoelectron yields in XPS. For this study, we focus on the Sr 3d and Ti 2p core 
electron peaks, as those peaks represent the dominant contributions to the XPS signal for SrTiO3 
and provide direct insight into the cations of interest (Fig. 3.2a and b). We note that considerable 
effort was invested to calibrate this system for the study of these and other chemical species 
including extensive studies of as-received and etched-and-annealed (following established 
procedures)82,83 versions of the same SrTiO3 single crystals used as targets and substrates in this 
study (Fig 3.2c and d). Such studies have provided a strong foundation for the current analysis 
and have been used as a calibration for the 1:1 Sr:Ti cation ratio from XPS. In the end, the as-
received samples were used as calibrations for a 1:1 Sr:Ti ratio since the as-received samples are 
expected to more closely reveal the true stoichiometry 
The XPS data provide an overview of the results of this study (Fig. 3.3). The XPS data 
suggest that in the growth of SrTiO3 films from a SrTiO3 single crystal target that there is not a 
strong angular dependence in the composition. Early studies focusing on growth from ceramic 
SrTiO3 targets (which in general show dramatically different results from single crystal targets) 
showed similar angle dependent trends to 
that observed here. On the other hand, large 
deviations in stoichiometry are seen to 
occur from even relatively small variations 
in the laser fluence. We also note that the 
compositional variation between different 
laser fluences is found to increase as the 
angle of deposition (ϕ in Fig. 3.1) is 
increased. Even small changes in the laser 
fluence (in this case 0.15-0.2 J/cm2) 
resulted in systematic deviations in 
stoichiometry (consistent with previous 
studies of 2% Nb-doped SrTiO3 thin films). 
Furthermore, we observe that intermediate 
Figure 3.3: Summary of XPS results for SrTiO3 films 
grown on NdGaO3 substrates. Graph shows the atomic 
percentage of Sr (Sr/[Sr+Ti]) as a function of growth 
geometry and laser fluence. The dashed line indicates 
XPS results for bulk, stoichiometric SrTiO3. 
19 
 
laser fluence (i.e., 0.50 J/cm2) yields films with nearly stoichiometric 1:1 Sr:Ti ratios. The trends 
observed here are consistent with prior studies which have suggested an optimum laser fluence 
considerably less than 1 J/cm2 at which stoichiometric films are obtained. Note that deviations 
from this value are expected considering differences in the lasers used in the deposition process 
between papers (e.g., differences in pulse duration, pulse-to-pulse energy stability, beam profile, 
beam divergence, etc.). Again, there is a weak angular dependence in the stoichiometry of films 
grown at this fluence.  Increasing the laser fluence beyond this threshold yields Sr-deficient films 
(red data, Fig. 3.3) and decreasing the laser fluence below this threshold yields films with Sr-
excess (blue data, Fig. 3.3). It is worth noting that ~95% of the signal in these XPS studies comes 
from the top 5-10 nm of the film thus providing compositional information from only 5-20% of 
the film cross-section. Thus we further provide complementary studies of stoichiometry 
throughout the film thickness in the form of RBS.  
To confirm the XPS results, RBS was used to characterize several samples. We focus on 
a series of on-axis samples (ϕ  =  0°, Fig. 3.1b) to further investigate the effect of laser fluence 
on the cation stoichiometry and to validate the range of stoichiometries observed here.  
Consistent with the XPS data, RBS studies of films grown at 0.35 J/cm2 (Fig. 3.4a), 0.50 J/cm2 
(Fig. 3.4b), and 0.69 J/cm2 (Fig. 3.4c) are found to possess a Sr-excess (52 atomic-percent Sr), 
nearly 1:1 Sr:Ti ratio (50 atomic-percent Sr), and Sr-deficiency (48 atomic-percent Sr), 
respectively. Note that no information about oxygen stoichiometry is obtained from this analysis, 
consistent with standard practices in the analysis of complex oxide thin film heterostructures. 
The accuracy of the XPS and RBS (see Appendix B and C, respectively) studies was determined 
to be ±1% and ±1.3% of the Sr-content (as defined as [Sr]/([Sr] + [Ti]) × 100), respectively. Thus 
Figure 3.4: RBS results for SrTiO3 grown on NdGaO3 (110) substrates at laser fluence (a) 0.35 J/cm2 
[170 nm], (b) 0.50 J/cm2 [70 nm], and (c) 0.69 J/cm2 [50 nm] which correspond to Sr atomic-percentages 




two different methods, one probing near 
surface chemistry and one probing through-
thickness chemistry, reveal similar trends in 
the variation of cation stoichiometry in SrTiO3 
thin films with variant fluence and angle of 
deposition. 
The idea that pulsed laser deposition 
can result in non-stoichiometric films is not 
new. As early as 1998 initial studies suggested 
that varying laser fluence in the growth of 
SrTiO3 from polycrystalline targets (95% of 
theoretical density) could result in non-
stoichiometric films.75 Early results suggested 
that at low laser fluence (in that case <1.3 
J/cm2) diffusion-assisted and diffusion-limited 
preferential ablation of Sr occurred from the 
ceramic targets, resulting in non-
stoichiometric films. Likewise, much of the 
work on SrTiO3-based thermoelectrics over the years has also focused on doped-SrTiO3 ceramic 
targets and the literature provides an incomplete description of growth processes to assess the 
resulting film chemistry. Over the years, researchers have predominantly switched to single 
crystal SrTiO3 targets, but with similar results.
73 Although it is difficult to accurately compare 
individual growth systems, a number of reports (including this one) suggest that growth from 
single crystal SrTiO3 targets at laser fluence in excess of 0.5-0.6 J/cm
2 results in Sr-deficient thin 
films. Despite the important implications for materials properties, the trend has been to assume 
correct stoichiometric transfer and to focus on advanced characterization studies. Here we 
present a number of techniques that can be used to quickly characterize the stoichiometry of 
films prior to such in-depth physical property studies.  
 
 
Figure 3.5. Typical 2θ X-ray diffraction scans for 
films grown at (a) 0.4, (b) 0.6, and (c) 0.8 J/cm2.  
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3.4 Structural Studies 
3.4.1 X-Ray Diffraction 
We used x-ray diffraction to characterize the structure of the thin films following 
synthesis. The out-of-plane lattice parameter of the films was investigated by 2θ scans about the 
110/220 and 001/002 diffraction peaks of NdGaO3 and SrTiO3, respectively. Reciprocal space 
maps about the pseudo-cubic 103 and 013 diffraction conditions of the film and substrate were 
taken to determine the in-plane lattice parameters of the film and provide a clear picture of the 
strain state of the film. Full range 2θ scans for the same films studied by XPS/RBS revealed the 
presence of single-phase, 00l-oriented SrTiO3 films in all cases (Fig 3.5). No evidence for any 
Ruddlesden-Popper series phases or TiO2 was observed suggesting the films, in all cases, are 
either within the effective solubility limit for Sr- and Ti-deficiency for SrTiO3 or possess 
fractions of these phases below the sensitivity of the diffraction experiments. Close inspection 
of the 002-diffraction peak of the SrTiO3 films (Fig. 3.6a) demonstrates that small variations in 
the laser fluence result in dramatically different structures. Figure 3.6b shows the intrinsic, stress-
free out-of-plane lattice for all films as a function of laser fluence. Films were found to fall into 
one of two categories: fully relaxed (i.e., taking on the intrinsic in-plane lattice parameters 
expected for that composition) and strained (i.e., coherently matched to the underlying 
Figure 3.6: (a) Shows 2θ scans of the 002 diffraction peaks for SrTiO3 films grown at three different 
laser fluences: 0.35, 0.50, and 0.69 J/cm2. (b) Change in c-axis lattice parameter of a number of SrTiO3 
thin films. Films found to be strained have been corrected based on reciprocal space maps and 
subsequent calculation of strain-free intrinsic lattice parameter. Direct comparison of filled circles 
suggests a symmetric lattice parameter change with excess Sr or Ti, but an asymmetric strain relaxation 




substrate’s in-plane lattice parameters) films.  The data here are for films grown on NdGaO3 
(110) substrates (which allows us to accurately observe the SrTiO3 diffraction peaks without 
concern for peak overlap with the substrate). NdGaO3 has slightly anisotropic in-plane lattice 
parameters a = 3.86Å and b = 3.85Å that are somewhat smaller than the lattice parameter of 
SrTiO3 (a = 3.905Å). This results in an effective in-plane compressive strain on the SrTiO3 thin 
films and an expectation of larger out-of-plane lattice parameters for the SrTiO3 films.  
Analysis of these data suggest an asymmetric response in terms of structural evolution 
depending upon the nature of the non-stoichiometry in the films. In particular, films that were 
(nearly) stoichiometric or Sr-deficient revealed significantly enlarged out-of-plane lattice 
parameters (0.5 and 0.69 J/cm2, open circles in Fig. 3.6b), while those films known to possess a 
Sr-excess consistently showed nearly intrinsic out-of-plane lattice parameters (0.35 J/cm2, 
Figure 3.7: RSMs of (a) 40nm and (b) 120nm Sr-excess films; (c) 160nm, (d) 270nm, and (e) 305nm 
stoichiometric films; and (f) 190nm and (g) 320nm Sr-deficient films. All scans are along the substrate 




orange filled circles in Fig. 3.5b). All films were then analyzed using RSM (Fig. 3.7) to probe 
the in-plane strain state of the. In general, it was found that films possess a Sr-excess (Fig. 3.7a 
and b) quickly relaxed to the bulk-like in-plane lattice parameters at thicknesses >50 nm. On the 
other hand, stoichiometric (Fig. 3.7c-e) and Sr-deficient (Fig. 3.7f and g) samples were found to 
remain coherently strained up to thicknesses of ~200 nm. For films found to be coherently 
strained to the substrate by RSM analysis, we have calculated the intrinsic, stress-free lattice 




              (1) 
where ν is the Poisson’s ratio of SrTiO3, here assumed to be 0.2, az is the strained out-of-plane 
lattice parameter of the film, and ax and ay are the in-plane lattice constants of the pseudocubic 
NdGaO3 lattice. Using this equation we have corrected the strained film lattice parameters (open 
circles, Fig. 3.6b) to allow direct comparison with the fully-relaxed films (blue filled circles, Fig. 
3.5b). This data suggests an important limitation to X-ray diffraction based studies of non-
stoichiometric films. Specifically X-ray diffraction alone can only tell you that your film is off-
stoichiometric, but does not provide insight into the nature of that off-stoichiometry. The general 
trend of increasing lattice parameter with increasing off-stoichiometry has been observed 
previously and is thought to be the result of the formation of disordered planar-like SrO faults in 
the case of low-fluence (Sr-excess) and Sr-vacancies in the case of high-fluence (Sr-deficient) 
films.76 The tendency for Sr-excess films to relax at considerably thinner film thicknesses than 
stoichiometric or Sr-deficient films could result from a number of reasons, which we will now 
discuss. 





  (where as is the pseudocubic lattice constant of the NdGaO3 substrate (3.86 Å) and 
a is the lattice constant of the SrTiO3 film (3.905 Å)) to be -1.2% (compressive). According to 
the Matthews-Blakeslee model,84 the critical thickness for film relaxation can be calculated 

























         (1) 
where b is the magnitude of the Burgers vector, b∥ is the Burgers vector edge component parallel 
to the interface, f is the misfit strain, θ is the angle between the Burgers vector and the dislocation 
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line of the misfit dislocation, ν is the average Poisson ratio of the film and substrate, and α is the 
cutoff radius of the dislocation core which is generally between 1 and 4.76 Using the appropriate 
parameters for the SrTiO3/NdGaO3 (110) heterostructure85 (b = 5.52, b∥ = 3.905, f = -0.012, υ 
= 0.25, α = 1, θ = 90°) we calculate a critical thickness of only ~5 nm for this system. 
However, by examining the strain state of SrTiO3 films at various thicknesses (Fig. 3.8), 
a different picture begins to emerge. This analysis reveals three unique strain accommodation 
and relaxation processes that depend on the stoichiometry of the material (Fig. 3.8a and b).  Films 
exhibiting Sr-excess are seen to be coherently strained only up to a critical thickness between 
54-69 nm where relaxation occurs. The relaxation of both the in-plane (Fig. 3.8a) and out-of-
plane (Fig. 3.8b) lattice parameter is rather sharp and in our study there are no films exhibiting 
intermediate lattice parameters between that of the NdGaO3 substrate and the bulk SrTiO3 value. 
Sr-deficient films show a similar sharp relaxation, but films remain coherently strained until 
relaxation occurs at a critical thickness of 280-300 nm. Note that both films possessing both Sr-
excess and Sr-deficiency relax to a value larger than the bulk SrTiO3 value, consistent with prior 
studies that have shown an expansion of the lattice with non-stoichiometry. Nearly-stoichiometry 
films, on the other hand, behave quite differently. Films with a thickness of <150 nm are found 
to be coherently strained to the substrate. As the thickness increases beyond 150 nm, the films 
gradually relax until the films are fully relaxed at a thickness of ~300 nm. It should be noted that 
the critical thickness for strain relaxation for all films is well in excess (1-2 orders-of-magnitude) 
of what is predicted from the Matthews-Blakeslee model for SrTiO3/NdGaO3. These results 
Figure 3.8: (a) In-plane and (b) out-of-plane lattice parameter evolution for films grown to possess Sr-
excess (blue), nearly-stoichiometric (black), and Sr-deficient (red) chemistries. 
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indicate that non-stoichiometry is either changing the energetics governing dislocation 
nucleation or providing alternate pathways for strain relaxation. 
3.4.2 Defect Structures via STEM 
In order to understand the relaxation mechanisms and defect structures in these films, 
high-angle annular dark-field (HAADF) STEM imaging was used to probe films possessing Sr-
excess, nearly-stoichiometric, and Sr-deficient chemistries. Because contrast in HAADF STEM 
scales with atomic number, our studies are most sensitive to the Sr ions in the film and the Nd 
ions in the substrate. Representative low-resolution HAADF images for films possessing Sr-
excess (Fig.3.9a), nearly-stoichiometric (Fig. 3.9b), and Sr-deficient (Fig. 3.9c) chemistries 
reveal stark differences. Here we discuss the observed defect structures and the implications for 
the evolution of strain relaxation. 
Images of the samples possessing Sr-excess chemistries consistently reveal dark, ordered 
regions that are spread throughout the film thickness. These defect structures are essential to 
understanding the rapid strain relaxation that is achieved in these films. The STEM image shown 
here (Fig. 3.9a) is for a fully relaxed, 85 nm thick film. Upon close inspection, the first ~5 nm of 
the film appears to possess no defects, while the remainder of the film exhibits the presence of 
numerous regions of reduced brightness which manifest visibly as triangular patches (marked 
with white arrows). These dark regions are known to be planar faults of SrO (akin to what is 
observed in Ruddlesden Popper (RP) versions of this material).80  Additionally, some of these 
Figure 3.9: Low-resolution scanning transmission electron microscopy images of SrTiO3 films of 
various compositions. (a) Image of a film possessing Sr-excess where white arrows mark the location 
of SrO planar faults and the inset shows the changing distribution of these faults throughout the film 
thickness. (b) Image of a film possessing nearly ideal stoichiometry where misfit dislocations (marked 
with white arrows) form to gradually relax the strain. (c) Image of a film possessing Sr-deficiency where 




patches contain dislocations where 
lattice bending causes reduced 
contrast. EELS analysis of these 
dark patches reveals significantly 
reduced signal intensity at the Ti-
edge as would be expected from 
areas made up of SrO (Fig. 3.10).  
These observati ons help to explain 
the relaxation behavior of the films 
possessing Sr-excess chemistry. 
The non-stoichiometry of the film causes the formation of these triangular and planar-like defect 
structures of SrO which do a number of things to accommodate strain in the films. First, they 
provide a site for the nucleation of misfit dislocations which can help to relax strain and it is 
known that terminating such SrO faults within a perovskite matrix can be accompanied by the 
formation of partial dislocations with a ½[111] Burgers vector.86 Second, the removal of a TiO2 
plane allows for contraction of the lattice within the plane-of-the-film which helps to 
accommodate the compressive strain. These observations are consistent with previous studies on 
BaTiO3 where RP faults were found to provide a possible alternate pathway to strain relaxation. 
The observation that there are no defects within the first 5 nm of the film is also interesting. To 
begin, this corresponds to the theoretical critical thickness for strain relaxation in this system. 
Although this could be a coincidence, one can image a scenario by which the growing film 
attempts to grow a coherently strained film by excluding excess Sr from the lattice (note that the 
presence of excess Sr has been shown to increase the lattice parameter of SrTiO3 thereby further 
exacerbating the lattice mismatch) until a critical amount is obtained in the film and SrO planar-
like faults are generated. These faults then propagate and serve as a sink for excess Sr and the 
equilibrium spacing of these features is impacted by the continuing strain evolution in the film 
(note the changing distribution of these regions with thickness in the inset of Fig. 3.19a). 
The response observed in the nearly-stoichiometric films is quite different. Here we 
examine a relaxed 300 nm thick film (Fig. 3.9b). The nearly-stoichiometric films contain 
relatively sharp interfaces with periodic misfit dislocations (marked with white arrows) spaced 
by ~30 nm on average (although some closer spacings are observed, inset Fig. 3.9b). This spacing 
Figure 3.10. Electron energy loss spectroscopy for a Sr-
deficient film. (a) The location of the linescan across the film 
is shown. (b) The integrated Ti signal reveals a significant 




is close to the theoretically expected spacing of 32 nm that should arise as the dislocations 
accommodate the 1.2% lattice mismatch between film and substrate. Additionally, the bulk of 
the stoichiometric film shows even contrast, revealing no evidence of two- or three-dimensional 
defects away from the interface as expected. These observations help to explain the gradual 
relaxation trend observed with increasing film thickness in the nearly-stoichoimetric films. As 
the film grows thicker, misfit dislocations are gradually nucleated to accommodate the growing 
strain energy. The critical thickness for complete strain relaxation of the SrTiO3, however, is a 
factor of 60 greater than what would be predicted by the Matthews-Blakeslee model. Similar 
disconnects between predicted and experimentally observed critical thicknesses for perovskites 
have been observed previously.76,85 These discrepancies are likely explained by the fact that the 
Mathews-Blakeslee estimation neglects a number factors important for complex oxides, 
including the fact that periodic surface steps common to the heterointerface of such oxide 
systems provide a resistance to the formation and motion of misfit dislocations,87 that the Peierls-
Nabarro stress due to electrostatic repulsion is expected to be much higher than that in covalent 
or metallic crystals which gives rise to a kinetic barrier to the introduction of dislocations, and 
that forces between second-nearest neighbors should not be neglected since in ionic crystals there 
is a strong repulsion between second-nearest neighbors of the same electronic charge.85 In turn, 
these effects make it more difficult to nucleate a dislocation than is assumed in the Matthews-
Blakeslee approach and thus strain relaxation is delayed until additional energy is built-up to 
initiate the process.  
Unlike the other two compositions, the Sr-deficient films exhibit no evidence of misfit 
dislocation formation at the SrTiO3/NdGaO3 interface even in 250 nm thick films (Fig. 3.10c). 
Further away from the interface, however, slightly darker patches, which are believed to be 
vacancy clusters accommodating the Sr-deficiency, can be observed (marked with white arrows, 
Fig. 3.10c). Similar structures have been observed previously for Sr-deficient SrTiO3 films, 
where they have also been attributed primarily to vacancy clusters.76,80 These vacancy clusters 
appear to display some degree of ordering and could explain the strain accommodation and 
relaxation trends. Several works have demonstrated that point defects in SrTiO3 are capable of 
screening epitaxial strain1888 by allowing small octahedral rotations and lattice contractions at 
second- or third-nearest-neighbor sites from the vacancy complexes. This seems to suppress the 
formation of misfit dislocations up to a certain point (~300 nm in our study), after which 
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sufficient strain energy has been built up so that dislocations can be formed and the strain is 
relaxed. These results have interesting implications for understanding relaxation mechanisms in 
oxide thin films. Taken together, these results indicate that the traditionally expected behavior 
(i.e., misfit dislocation formation) will only occur in films that have no alternate mechanisms for 
strain relaxation. 
3.4.3 Intermixing in Non-Stoichiometric SrTiO3 
Not only have we observed that the chemistry of the film can dramatically impact strain 
relaxation in these films, but additional EELS studies of the SrTiO3/NdGaO3 interface reveal a 
connection between the nature of interface precision and the chemistry and defect structures in 
the film. Interest in interfacial properties of materials has exploded in recent years89,90 and with 
that comes concern about the precision and the control we can exert on the nature of 
heterointerfaces. Here we explore the role of nearby defects in mediating interface quality. It 
should be noted that in the pulsed-laser deposition process there are a number of potential driving 
forces for interfacial intermixing. First, entropy alone can lead to intermixing in all interfacial 
systems, although the extent is highly dependent on the material system, the growth temperature, 
etc. Second, high-energy-adatoms, common to the pulsed-laser deposition process, can produce 
knock-on damage that can exacerbate intermixing91.  This effect is likewise dependent on the 
material, the temperature, the growth pressure, and the laser fluence used during deposition. 
Finally, electrostatic forces can cause intermixing at interfaces with polar discontinuities.92  The 
interface between SrTiO3 and NdGaO3 is such an interface, as the substrate consists of 
alternating charged layers (NdO+ and GaO2) while the film consists of alternating neutral layers 
(SrO and TiO2). In our work, the only factor which was varied between the different growths 
was the laser fluence which will give rise to changes in the adatom kinetic energy. For this 
reason, we can expect the entropic and electrostatic contributions to interfacial intermixing to be 
equal between different samples and for that reason we will not focus on those mechanisms here. 
To probe the extent of intermixing, we employed scanning EELS studies across the 
interface. The half-width-at-half-maximum of the electron beam is ~2 Å and this sets the 
resolution limit for our studies. In this work, each reported line scan is the result of multiple line 
scans that were averaged to provide a picture of the interface chemistry. The EELS line scans 
were used to probe both the Ti and Nd content for films possessing Sr-excess (Fig. 3.11a), nearly-
stoichiometric (Fig. 3.11b), and Sr-deficient (Fig. 3.11c) chemistries. For each film, we show 
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the STEM image with white bars indicating the location of the line-scans. For the films 
possessing Sr-excess and nearly-stoichiometric chemistries, two scan types were performed: one 
at or near the location of a defect (i.e., misfit dislocations for nearly-stoichiometric films and 
SrO planar-faults for the Sr-excess films) and one across an unperturbed portion of the interface. 
In the films with Sr-excess chemistry, we found varying degrees of chemical sharpness based on 
the location of the s can: 3-4 unit cells of intermixing near the location of a SrO planar-fault (Fig. 
3.11a, line-scan 1) and 1-2 unit cells at the interface away from the SrO defects (Fig. 3.11a, line-
scan 2). In the films with nearly-stoichiometric chemistry, we also found the extent of 
Figure 3.11. Scanning EELS studies of interfacial intermixing at the SrTiO3/NdGaO3 (110) 
heterointerface. High-resolution STEM images and corresponding EELS line scans (white lines) for 
films possessing (a) Sr-excess, (b) nearly-stoichiometric, and (c) Sr-deficient chemistries. (d) Table 
summarizing the average interfacial width as determined from the EELS scans for both Nd and Ti. 
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intermixing to be dependent on the scan location with intermixing extending 3-4 unit cells at or 
near a misfit dislocation (Fig. 3.11b, line-scan 1) and only 2-3 unit cells away from the misfit 
dislocations (Fig. 3.11b, line-scan 2). In the films possessing Sr-deficient chemistry, there were 
no major defects or dislocations found near the interface, and so only the unperturbed interface 
was scanned (Fig. 3.11c) and the intermixing was found to be confined to just 1-2 unit cells. The 
average interfacial width (as determined from both the Nd and Ti profiles) is summarized (Fig. 
3.11d). 
These results are somewhat counterintuitive with respect to laser fluence and adatom 
kinetic energy and indicate the impact of dislocations and defect structures on interfacial 
intermixing. The films possessing Sr-deficient chemistry exhibit the sharpest interfaces despite 
the fact that these films are grown at the highest laser fluence. Furthermore, the films possessing 
Sr-excess exhibit the largest extent of intermixing despite the fact that these films are grown with 
the lowest laser fluence. Empirically, one would expect the knock-on damage to scale with the 
laser fluence and thus the observed trends are counter to what might be expected. By considering 
the observed defect structures, however, the trends can be better understood. The films 
possessing Sr-deficient chemistries exhibit point defects clusters removed from the interface, but 
no misfit or volumetric defects in close proximity to the interface. Films possessing nearly-
stoichiometric and Sr-excess chemistries exhibit periodic misfit dislocations and SrO planar-
fault regions in close proximity (<5 nm) to the heterointerfaces. Both of these films exhibit, on 
average, more interfacial intermixing. The misfit dislocations and the SrO planar-faults appear 
to have similar effects and it is thought that the strain fields associated with these defects promote 
interdiffusion and intermixing at the interface. It is also possible that the local disruption of the 
electrostatics of the material (in the form of point, line, and volumetric defects that have charge 
associated with them) gives rise to additional driving forces for material diffusion and 
interaction. 
Looking forward, these observations have a number of implications for controlling strain 
and relaxation in heteroepitaxial oxide systems. By acknowledging and understanding the strong 
relationship between film composition and relaxation behavior/critical thickness one can 
envision routes by which researchers could greatly extend the magnitude of strain and the 
thickness of coherently strained films. From our studies, if one can simultaneously manipulate 
the lattice mismatch and gradually varying the composition and/or defect structure in a 
31 
 
deterministic manner throughout the film thickness, one should be able to produce coherently 
strained films with greater thickness and larger overall strain values. Not only does this have 
implications for potentially improved performance, but the study of films possessing 
compositionally and strain graded features could potentially open up new realms of study.93,94 
Overall advances in modern thin film growth, in situ characterization, and atomic-level control 
of complex oxides means that such defect engineering can potentially play an important role in 
a range of next generation applications and can potentially extend the realm of what is achievable 
in nanomaterials.  
3.5 Dielectric and Thermal Responses 
With detailed knowledge of the defect accommodation of non-stoichiometry, we have 
gone on to probe the effect of these defect structures on the dielectric and thermal properties of 
these films. We begin here with a discussion of the effect of stoichiometry on dielectric response. 
Over the years, the dielectric properties of SrTiO3 thin films have traditionally been found to be 
diminished when compared to bulk samples of SrTiO3. Early studies of permittivity in SrTiO3 
thin films as a function of composition suggested a possible explanation.77,78,79 These early 
reports focused on growth from compositionally varied ceramic targets and suggested somewhat 
contradictory results for optimal properties. For instance, one study suggested that 10% excess 
Ti was needed in the target to obtain bulk-like εr at 300K95 while others observed a dramatic 
increase in dielectric response with targets possessing either Sr- or Ti-excess,77 and still others 
suggested the need for laser fluence as large as 5 J/cm2 to achieve bulk-like dielectric response.78 
In no case has a report provided measures of film stoichiometry (as opposed to target 
stoichiometry) and the connection to dielectric response; and none of these reports provide 
significant details concerning the effect of non-stoichiometry, the resulting defect types, and 
properties. 
Low-frequency εr and tan δ (102-105 Hz) were estimated from C-V measurements across 
this frequency range. The room temperature εr of stoichiometric films grown at 0.50 J/cm2 was 
found to be ~300 and was essentially constant across the 4 decades of frequency studied here 
(black data symbols, Fig. 3.12a). Moving to higher laser fluence (Sr-deficient films) resulted in 
a slight decrease in the overall magnitude of εr and a more noticeable frequency dependence 
across the range studied (red data symbols, Fig. 3.12a). Likewise, transitioning to lower laser 
fluence (Sr-excess films) resulted in the most significant decrease in dielectric response (blue 
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data symbols, Fig. 3.12a). Consistent effects were observed in the losses (tan δ), with the most 
pronounced differences occurring at low frequencies (Fig. 3.12b). We note that although all off-
stoichiometry films were found to have high loss levels, the relative increase in loss was not 
directly correlated to the loss in dielectric response. In fact, films with Sr-deficiency are found 
to have the largest losses in all cases.   
Overall there are likely a number of competing factors that give rise to these changes in 
dielectric response. First, generation of increased defect concentrations and lower crystalline 
quality samples (which coincide with off-stoichiometry) are known to reduce dielectric response 
and lead to increases in losses.  Second, the formation of other phases (i.e., the disordered Ti-
deficient regions observed via STEM in the Sr-Excess samples) which have lower static 
dielectric constants effectively lowers the overall response of the system. Let us assume that the 
dark regions observed in Fig. 3.10 consist primarily of SrO. The static dielectric constant of SrO 
is 13.1 (at 10 kHz).96  Using a simple model of series capacitors for the composite film and using 
the known Sr-excess to estimate the fraction of volume occupied by the planar-like SrO-phase, 
we can estimate the reduction in the permittivity. Within the error of the stoichiometry 
measurements (+/-1%) we calculate an estimated permittivity for the SrTiO3/disordered SrO 
composite films to be 150+/-10. This matches well with the experimentally observed values. The 
structures observed in STEM, however, are not truly series capacitor structures. Rather, they 
conform more closely to a spherical voids model for dielectric responses.97 This would provide 
a far less significant reduction of the observed system response than for a series capacitor model. 
Figure 3.12: (a) Low-frequency dielectric constant for Pd/SrTiO3/Nb:SrTiO3 (001) films 
grown at 0.35, 0.50, and 0.69 J/cm2. (b) Corresponding loss tangent as a function of 




The discrepancy between these could be explained by the fact that not all of the excess Sr may 
be present in the darkened Ti-deficient regions, but some could be accommodated (along with 
Ti-vacancies) in the SrTiO3. Thus, the response of the parent SrTiO3 matrix is not as high as the 
intrinsic response of 300, but is diminished somewhat. Sr-deficient films on the other hand were 
seen to accommodate more Sr-vacancies (Fig. 3.9c) and do not form a Ti-rich second phase until 
larger off-stoichiometry. This results in a diminished permittivity, but not to the same extent as 
Sr-excess films. The difference in these defect structures, also gives rise to a large difference in 
tan δ. The Sr-deficient samples (which are thought to possess an increased concentration of Sr- 
and O-vacancies) show a slight decrease in εr, but a dramatic increase in tan δ, consistent with 
the production of excess charge carriers and significantly increased losses. On the other hand, 
Sr-excess experience a dramatic reduction of εr, but only limited enhancement of losses 
consistent with only a nominal increase in charge carrier concentration in the film.  
Thermal conductivity was measured via TDTR. A coating of ~100 nm of Al was used as 
the optical transducer for all measured samples. The results for these characterizations are 
summarized in Fig. 3.13. The thermal conductivity of the films shows a strong correlation to 
laser fluence, and therefore, film composition. Nearly stoichiometric films grown at a laser 
fluence of 0.50 J/cm2 show the highest as-grown 
thermal conductivity. Increasing the laser 
fluence by 28% to 0.69 J/cm2 (resulting in a ~2-
4% Sr-deficiency) results in a reduction of the 
thermal conductivity by ~35% compared to 
stoichiometric films. Likewise, reduction of the 
laser fluence by 30% to 0.35 J/cm2 (resulting in 
a ~2-4% Sr-excess) reduces the thermal 
conductivity in the film by nearly 65% as 
compared to the stoichiometric films. Much like 
the epitaxial strain relaxation process, the 
deviation in thermal conductivity is found to be 
highly asymmetric – with small deviations 
towards Sr-excess driving dramatic changes in 
thermal conductivity. The thermal conductivity 
Figure 3.13: TDTR results for SrTiO3 films 
grown on NdGaO3 (110) substrates as a function 
of deposition geometry and laser fluence. The 
dashed line indicates the thermal conductivity of 
bulk SrTiO3. In general, films with excess Sr 
(blue circles) exhibit a drastic reduction of 
thermal conductivity, those with excess Ti (red 
diamonds) show a somewhat diminished thermal 
conductivity, and nearly stoichiometric (black 




of SrTiO3 is dominated by the phonon contribution and the observed effect of stoichiometry on 
this thermal conductivity is a direct manifestation of the impact of how defects in materials 
impact phonons. Recall that films possessing Sr-deficiency have an enhanced concentration of 
Sr vacancy point defects. Such point defects tend to scatter higher frequency phonons, leading 
to a smaller, but non-negligible reduction in thermal conductivity. On the other hand, however, 
Sr-excess results in the formation of a disordered SrO phase, which should only slightly serve to 
scatter such phonons. Based on the fact that we observe significant reductions in thermal 
conductivity when we would only expect small reductions based on the defects we observe, we 
conclude that the excess Sr does not solely manifest as a secondary phase. Rather, similar to our 
observations for such films during dielectric characterization, some of the excess Sr manifests 
as point defects within the parent perovskites phase. These defects serve to reduce the thermal 
conductivity of the parent phase. Therefore, we see a reduction from the introduction of point 
defects as well as a reduction from extra scattering at the boundary between the perovskites and 
SrO phases. 
We also note that the nearly stoichiometric films show thermal conductivities somewhat 
diminished from the bulk thermal conductivity of SrTiO3. A number of important considerations 
should be discussed. First, the data here is for films grown on NdGaO3 (110) substrates and 
represent a range of strained and unstrained films. It is thought that the extended defects and 
residual strain created by growth on a lattice mismatched substrate, do not have a significant 
effect on thermal conductivity at temperatures T  > 150 K. This weak strain effect can be 
explained by the Leibfried-Schlomann equation which states that the thermal conductivity 
should scale with the cube of the Debye temperature.98,99 The Grüneisen parameter of SrTiO3 is 
1.5100 and thus a strain of 1.1% (consistent with a coherently strained film on NdGaO3) should 
produce only a 1.7% change in the Debye temperature, and therefore a 5.1% increase in thermal 
conductivity. This cannot explain the nearly 14% reduction in thermal conductivity observed for 
the stoichiometric films. Furthermore, because some films are fully strained, some partially 
relaxed, and others completely relaxed, a more dramatic variation in results would be expected 
if strain was producing a dramatic effect. We believe that the diminished thermal conductivity 
can be explained by the effects of oxygen vacancies. Upon annealing the nearly stoichiometric 
samples in 760 Torr of O2 at 700°C for 2 hours, we observe the thermal conductivity to be 
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enhanced relative to the as-grown samples. Similar changes in thermal conductivity were 
observed in significantly oxygen deficient single crystal SrTiO3 previously.
101 
3.6 Conclusions 
We have shown that the stoichiometry of SrTiO3 thin films grown via pulsed laser 
deposition can vary dramatically from the expected values. In particular, the laser fluence has a 
marked effect on the stoichiometry and small variations in laser fluence can drastically change 
the stoichiometry. By growing 4% Sr-excess, nearly-stoichiometric, and 4% Sr-deficient films, 
we have accessed a wide range of stoichiometry- and strain-accommodating defects. These 
defects were found to vary in nature and corresponding strain accommodation mechanism as a 
function of the film stoichiometry. We have shown strain relaxation via misfit dislocation 
formation occuring in films with nearly ideal stoichiometry, but at thicknesses 1-2 orders-of-
magnitude greater than that fpredicted by classical models. At the same time, films exhibiting 
both Sr-excess (i.e., those with extended planar defects) and Sr-deficiency (i.e., those with 
vacancy point defect clusters) experience alternate, lower energy mechanisms for strain 
relaxation and accommodation that leads to critical thicknesses for strain relaxation that vary 
from 60 nm to 300 nm. Furthermore, we observed the interfacial sharpness of these films – as 
evidenced by STEM EELS studies of interfacial intermixing – varies locally based on the relative 
proximity of such defect structures from 1 to 5 unit cells. Based on the defect structures we have 
observed and the connection to both strain relaxation and interfacial intermixing, we believe we 
demonstrated the importance of stoichiometry in truly understanding heteroepitaxial strain 
relaxation processes in nanoscale complex oxide systems. Furthermore, we have seen how these 
defect structures can profoundly impact the physical responses of the film though our studies of 
dielectric response and thermal conductivity. We have seen how small concentrations of defects 
can lead to large reductions of the high dielectric constant expected in SrTiO3, as extrinsic factors 
begin to overpower the intrinsic response of the system. Finally, we have seen these defect 
structures tune thermal conductivity in SrTiO3 by almost a factor of 5, undoubtedly an important 






4.1 Introduction and Background 
Over the past decade, the perovskite LaAlO3 has been considered as a possible candidate 
for “high-κ” gate dielectrics in complementary metal oxide semiconductor gate stacks 
(CMOS)26,27,102,103,104 as a result of a larger band offset with Si, low atomic diffusion rates in 
LaAlO3, and a lower likelihood of SiO2 formation during processing as compared to other 
candidate dielectrics.105,106,107,108,109 One of the primary limitations to the integration of LaAlO3 
in CMOS devices, however, is the high concentration of defects that are generally found in 
LaAlO3. These defects can cause charge trapping, changes in transient threshold voltage, and 
degradation of Si carrier mobility.110 If LaAlO3 is to be used in such devices, it is essential to 
understand the nature of these defects, what gives rise to them, and how they affect the properties 
of the LaAlO3 films so that they can be avoided or removed. 
At the same time, much research has focused on the heterointerface between LaAlO3 and 
SrTiO3 where a conducting state was discovered in 2004.
28 This conducting state has been 
studied in numerous experiments, and there have been a number of interesting findings related 
to these interfaces including the observation of magnetic ground states,29 superconductivity,30 
built-in polarizations,11 and other interesting effects.31,32  The conductivity is hypothesized to 
arise from electronic reconstruction that occurs to avoid the so-called polar catastrophe.28 This 
model predicts a critical thickness for the emergence of conductivity of just 4 unit cells111,112,113 
and can be considered an intrinsic response of the system to the build-up of electrostatic energy. 
However, researchers have also probed the effect of growth conditions on the resulting interfacial 
conductance, suggesting a strong relationship between the transport properties and presence of 
oxygen vacancies.114 Varying the growth pressure of oxygen results in dramatic changes in the 
interfacial conductivity,29 with growth at low pressures (<1x10-5 Torr) resulting in high carrier 
mobility (104 cm2/V-s) and three-dimensional transport, while growths at higher pressures result 
in a transition to non-metallic behavior (suggesting the potential role of oxygen vacancies in the 
substrate as a source of the observed transport). 29 More recently it has been suggested that there 
is a strong link between LaAlO3 cation stoichiometry, oxygen vacancy formation, and the 
subsequent behavior of the LaAlO3/SrTiO3 interface that is likely driven by non-stoichiometry 
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induced cation defects.115,116,117 There have been some investigations into such imperfection in 
LaAlO3/SrTiO3,
118 which have probed the evolution of the polar catastrophe with chemical 
alloying.119 Structural distortions120,121,122,123 and chemical intermixing,124,125,126 which is 
expected to occur since ionic crystals terminated at oppositely charged polar surfaces are 
inherently unstable and can undergo surface reconstructions/intermixing to maintain electrostatic 
stability (e.g., Ge/GaAs),127,128 have additionally been considered as potential responses. 
Ultimately understanding and utilizing these intrinsic and extrinsic effects is an important 
challenge. 
The murkiness of our understanding may, in part, be related to the complexity associated 
with the synthesis of these heterointerfaces. Small variations in the pulsed-laser deposition 
(PLD) growth process can have a profound impact on the subsequent heterostructure properties. 
It is difficult to obtain stoichiometric LaAlO3 films via PLD
15,22 and researchers have observed 
as much as 11% La-excess in films grown in conditions used for work on conducting 
heterointerfaces.129 Studies focusing on the relationship between laser fluence and film 
stoichiometry for perovskites134,130 indicate that synthesizing films with nearly perfect 
stoichiometry may be the exception, not the default result for PLD, which we have thoroughly 
explored for SrTiO3 films in chapter 3. This could explain the fact that although many have 
observed conducting interfaces, there are wide variations in carrier concentration, mobility, and 
temperature dependence as a result of slight variations in growth conditions. It is likely that 
Figure 4.1: Film Composition for LaAlO3 films as a function of laser fluence. (a) XPS spectra for 
various LaAlO3 films where each spectrum has had the Tougaard background subtracted, and (for 
display purposes) the Al 2p peak has been normalized to unity. (b) RBS spectra of the LaAlO3 film 
grown at 1.2 J/cm2. (c) A zoom in view of the difference in the La-edge between each growth condition 




multiple factors are active in this system providing for a complex interplay of intrinsic/extrinsic 
effects and muddled property evolution. 
 
4.2 Experimental Methods 
Films of LaAlO3 between 10 unit cells and 300 nm in thickness were grown via PLD 
using a KrF excimer laser (LPX 205, Coherent) at 750 °C (this temperature refers to the 
temperature of the Ag-paint used to provide thermal contact between the substrate a nd the heater 
plate as measured via pyrometry). The growth for the 10 unit cell thick LaAlO3 films was tracked 
via reflection high-energy electron diffraction (RHEED). A frequency of 1 Hz was used for the 
growth of all samples and the growth rate for these films was ~12 pulses/unit cell. The films 
were grown on SrTiO3 (001) (treated via standard methods)
82,83 and 0.5% Nb-doped SrTiO3 
(001) single crystal substrates (Crystec, GmbH). Consistent with previous studies the target was 
sanded, cleaned, and sufficiently preablated to assure the target surface had reached steady state 
prior to growth.73,74 Following the growth, films were cooled at 5 °C/min to room temperature 
at the growth pressure. Growths were completed at a range of pressures and oxidizing potentials 
and throughout the manuscript we will directly identify the growth pressure for each film studied. 
For samples grown at 1x10-3 Torr the laser fluence was varied between 1.2 and 2.0 J/cm2 by 
changing the laser spot size from 0.043 cm2 to 0.071 cm2 (Appendix A) while holding the total 
incident laser energy constant (85 mJ). Note that these energy densities are within the ranges 
previously reported.129,130,131 In order to maintain the appropriate stoichiometry, slight 
Figure 4.2: Here are RHEED oscillations and for 10 unit cells of LaAlO3 grown on SrTiO3. (a) was 
grown at a fluence of 1.2 J/cm2. (b) was grown at a fluence of 1.6 J/cm2. (c) was grown at a fluence of 
2.0 J/cm2.  The RHEED pattern after growth for each can be seen in the inlet. (d), (e), and (f) show AFM 
scans for the films grown in (a), (b), and (c) , respectively.  
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adjustments of the laser fluence were required at other pressures. Growths were completed in an 
on-axis geometry with a target-substrate distance of 6.6 cm. 
Films were characterized by an array of techniques to probe their chemical, electrical, 
and thermal properties. Chemical analysis of samples was completed using a combination of X-
ray photoelectron spectroscopy (XPS, Kratos Axis XPS, monochromatic Al X-ray source with 
charge neutralization during collection via electron beam bombardment) and Rutherford 
backscattering spectrometry (RBS, incident ion energy of 2 MeV, incident angle α = 22.5°, exit 
angle β = 52.5°, and a scattering angle θ = 150°). Thermal conductivity was probed from films 
between 250 and 300 nm thick using time-domain thermoreflectance (TDTR).132,133 Electrical 
characterization included the study of dielectric constant and loss tangents of 110 nm Pt/300 nm 
LaAlO3/0.5%Nb-SrTiO3 capacitor structures using an Agilent 4284A LCR meter for frequencies 
between 103 and 106 Hz. Sheet resistance, sheet carrier density, and carrier mobility of the 
LaAlO3/SrTiO3 films were measured in the van der Pauw configuration using a Quantum Design 
PPMS. 
4.3 Chemical Characterization of LaAlO3 
We begin by discussing the results of chemical analysis of the cation stoichiometry of 
these films. One non-destructive technique for characterizing film composition is to measure 
core-level photoelectron yields in XPS. For this study, we focus on the La 3d and Al 2p core 
electron peaks, as those peaks represent the dominant contributions to the XPS signal for LaAlO3 
and provide direct insight into the cations of interest (Fig. 4.1a). We calibrated the XPS signals 
using the same LaAlO3 single crystals used as targets.
134 Briefly, the calibration was achieved 
by collecting spectra across the appropriate energy range for the core electron peaks of interest 
and then applying a Tougaard background simulation method to determine the intensity of the 
peaks. Based on these intensities the CasaXPS software calculates the chemical composition of 
the single crystal which is adjusted by fixing the sensitivity factor of the La 3d peak to published 
values and tuning the relative sensitivity factor of the Al 2p peak until the calibration sample 
achieves the composition value of 50% La as noted from the crystal suppliers. These sensitivity 
factors are then applied to all the films which undergo a similar analysis process. More details 
are provided in Appendix B. 
To augment the XPS and to probe the stoichiometry throughout the thickness of the film 
(since XPS is limited to measuring composition within a few nanometers of the surface) we used 
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RBS to further probe the stoichiometry (Fig. 4.1b). Cross-correlated XPS/RBS studies were 
performed on over ten samples with the values obtained from both methods generally being the 
same within 1%. In order to determine the accuracy of the RBS data for the La and Al peaks, we 
complete a number of simulations for various La-Al ratios and have provided the results of least-
squares-fits for the first relative to the experimentally observed data for the three compositions 
(Fig. 4.3d-f). The methodology used to determine the R2 values can be found in Appendix C. 
The accuracy of the XPS and RBS studies was determined to be ±1% and ±0.8% of the La-
content (as defined as [La]/([La] + [Al]) × 100), respectively.115 
Consistent with prior studies, large deviations in stoichiometry are seen to occur from 
relatively small variations in the laser fluence. From both the XPS and RBS studies, we observe 
that intermediate laser fluence (i.e., 1.6 J/cm2) yields films with nearly stoichiometric cation 
compositions (black data, Fig. 4.1). Increasing the laser fluence yields La-deficient films (red 
data, Fig. 4.1) and decreasing the laser fluence yields films with La-excess (blue data, Fig. 4.1). 
From our analysis we can summarize as follows. The XPS (RBS) studies reveal that growth at 
fluences of 1.2, 1.6, and 2.0 J/cm2 result in La-content values of 55% (54%), 51% (50%), and 
Figure 4.3: (a) shows a theta-2theta XRD scan for 60nm LaAlO3 films grown at three different fluences: 
1.2 , 1.6, and 2.0 J/cm2.  No films show the presence of secondary phases. (b) shows a high-resolution 
theta-2theta scan near the SrTiO3 002 peak. The film peak for the sample grown at 1.2 J/cm2 lies where 
the pseudocubic LaAlO3 002 peak should lie, whereas the peaks for the films grown at higher fluences 
show a slight expansion of the out-of-plane lattice parameter with increasing fluence. 
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46% (48%), respectively. Thus growth at low fluence 
results in 4%-5% La-excess, growth at intermediate 
fluences results in nearly stoichiometric films, and growth 
at high fluence results in 2%–4% La-deficiency. It should 
be noted, however, that the fluence required to obtain 
stoichiometric films is likely to be highly system-specific 
with differences in the deposition process (e.g., differences 
in pulse duration, pulse-to-pulse energy stability, beam 
profile, beam divergence, target density, growth 
temperature, etc.) likely giving rise to deviations in the 
laser fluence required to produce stoichiometric films. The 
trend of going from La-excess to stoichiometric to La-
deficient with increasing laser fluence should, however, 
remain similar. These trends in non-stoichiometry are 
consistent with recent studies61 which suggest that higher 
laser fluence will preferentially ablate Al from the LaAlO3 
target leading to a deficiency of La in the film while lower 
laser fluence ablates the target more evenly but results in 
Al deficiencies in the film since the lighter Al adatoms scatter more readily in the growth gas.  
4.4 Growth and Structural Studies 
In situ RHEED studies were used to track the evolution of growth modes and establish 
growth rates for all depositions (Fig. 4.2). Typical time-dependent RHEED intensity profiles for 
10 unit cell thick films grown at 1.2, 1.6, and 2.0 J/cm2 reveal an evolution from step-flow or 
hybrid-growth to layer-by-layer growth with increasing laser fluence. Typical post-growth 
RHEED patterns (right, Fig. 4.2) and ex situ atomic force microscopy (AFM) (insets, Fig. 4.2) 
reveal evidence of smooth, atomic-level terraced, island-free films in all cases. While the growth 
mode varied somewhat with laser fluence, there are no other indications in the RHEED or AFM 
to suggest significant differences in the films. Thus at these growth conditions (1x10-3 Torr and 
750°C) although smooth films are achieved at various fluence values, the generally sought after 
layer-by-layer growth regime is only achieved at higher fluence (2.0 J/cm2). Subsequent x-ray 
diffraction studies reveal that all films are single-phase and epitaxial (for clarity we show data 
Figure 4.4: Theta-2theta XRD scan 
for (a) 10 u.c. of LaAlO3 on SrTiO3 
and (b) 200 nm of LaAlO3 on SrTiO3. 




from 60 nm thick films (Fig. 4.3a), but results for other heterostructures are also provided (Fig. 
4.4).  We observed a slight expansion of the out-of-plane lattice parameter of the LaAlO3 films 
with increasing laser fluence (Fig. 4.3b) consistent with prior studies130,135 and, mapping studies 
about the 103-diffraction conditions (Fig. 4.5) reveal that all films, regardless of stoichiometry, 
are partial or nearly completely relaxed (with the extent of relaxation essentially constant 
between films). This would suggest that all films thicker than 60 nm (such as those used for RBS 
studies) are also relaxed. What this means, is that the variations in lattice parameter observed in 
Fig. 4.3b are a result of the slight variations in the stoichiometry and not strain or relaxation. 
These reciprocal space mapping studies (Fig 4.5) also reveal slight expansions to the in-plane 
lattice parameter with increasing laser fluence. We note, that such small variations in peak 
position are essentially overlooked in much of the literature as it is “close” to the expected peak 
position for the LaAlO3 film. This is would be exacerbated by the study of thinner films where 
strain relaxation might not have occurred and peak intensities are further diminished. 
There is little indication from the in situ RHEED, the ex situ AFM, and the x-ray 
diffraction studies that would have indicated such a large deviation in the stoichiometry of the 
LaAlO3 films. Thus, in addition to the fact that it can be difficult to obtain stoichiometric films, 
Fig 4.5:  Reciprocal space mapping studies about the 103-diffraction conditions for 60 nm 
LaAlO3 / SrTiO3 (001) heterostructures known to possess (a) 5% La-excess, (b) nearly 
stoichiometric chemistry, and (c) 4% La-deficiency. 
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it is also difficult to detect deviations in stoichiometry using standard methods. The lack of 
observed second phases additionally indicates that the (non)stoichiometry, in all cases, is either 
within the effective solubility limit for La-deficiency and -excess for LaAlO3 or that the fractions 
of any secondary phases are below the sensitivity of the diffraction experiments and do not 
manifest visibly on the surface. From these experiments, it appears that in this deposition 
geometry, the laser fluence is the dominant parameter responsible for controlling film 
stoichiometry. Armed with this knowledge, we further investigated the effect of film 
stoichiometry on the thermal, dielectric, and interfacial electronic properties for LaAlO3. 
 
4.5 Thermal Conductivity 
Thermal conductivity has been shown to be a sensitive metric for determining film 
quality, with ideal stoichiometry being a necessary benchmark for achieving values close to that 
of the bulk. We measured thermal conductivity via TDTR using a 80 nm film of Al as the optical 
transducer (Fig. 4.6). More details about the technique can be found in Appendix D. Consistent 
with prior work,134 the thermal conductivity of the films shows a strong dependence on laser 
fluence and, therefore, film composition. Nearly stoichiometric films grown at a laser fluence of 
∼1.6 J/cm2 show the highest as-grown 
thermal conductivity. Increasing the laser 
fluence to 2.0 J/cm2 (resulting in a 2%–4% 
La-deficiency) results in a reduction of the 
thermal conductivity by ∼60% compared 
to stoichiometric films. Likewise, 
reduction of the laser fluence to 1.2 J/cm2 
(resulting in a 4%–5% La-excess) reduces 
the thermal conductivity in the film by 
nearly 80% as compared to the 
stoichiometric films. The observed 
stoichiometry-dependence of the thermal 
conductivity is a direct manifestation of 
how defects in materials impact phonons. 
These observations are well matched to 
Figure 4.6: Thermal conductivity of LaALO3 films 
as a function of laser fluence for as-grown (black, 
open circles) and post-annealed (orange, open 
circle) samples. After annealing, negligible changes 
in thermal conductivity are observed in La-excedd 




prior work in modelling defects in non-stoichiometric LaAlO3 which predict cation vacancy 
point defects acting as the primary accommodation for such non-stoichiometry (as opposed to 
secondary phase formation common in other oxide systems).19 We hypothesize that these point 
defects serve to increase disorder in the system, thereby increasing phonon scattering rates and 
driving a reduction of the thermal conductivity that is essentially symmetric about the nearly 
stoichiometric films. 
It should be noted that even nearly stoichiometric LaAlO3 films did not possess thermal 
conductivity values that match measurements of bulk substrates (13 ± 1 W m−1 K−1). There are a 
number of possible explanations for this observation. First, due to the difficultly in controlling 
stoichiometry to better than 1%, it is possible that the nearly stoichiometric films are, in fact, 
slightly off stoichiometric, and due to the sensitivity of thermal conductivity to stoichiometry, 
this could account for slightly diminished thermal conductivity values. In this same vein, some 
RBS spectra show a slight increase in La-content in the near surface area for films thicker than 
200 nm. It appears that continuous growth from the same target leads to a slight drift in the 
composition, possibly due to preferred ablation during the growth process for long deposition 
times. TDTR requires relatively thick films (i.e., >200 nm) in order for the film thermal 
conductivity derived from experimental data to be insensitive to interfacial thermal resistances 
and substrate thermal properties. Therefore, diminished thermal conductivities could be the 
result of the small stoichiometry deviations that occur over long deposition times. Finally, due 
to the high adatom kinetic energy associated with the PLD growth process, it is possible to have 
lattice-distorting knock-on damage and/or oxygen non-stoichiometry that can further reduce the 
thermal conductivity. To probe, this, we subjected 3 samples (nearly stoichiometric, La-excess, 
and La-deficient) to 1-h anneals at 1000 °C in 1 atm of oxygen (orange, open circles, Fig. 4.6). 
The effects of the annealing process are dependent on film stoichiometry. Nearly stoichiometric 
samples are seen to increase their thermal conductivity by ∼10%, indicating that the anneal 
potentially heals some amount of knock-on damage or oxygen non-stoichiometry. In the case of 
the non-stoichiometric LaAlO3 films, however, the anneal does not appreciably change the 
observed thermal conductivity. This suggests that the diminished thermal conductivity is likely 
driven by non-stoichiometry which cannot be alleviated by a simple anneal. 
4.6 Dielectric Response 
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Room temperature permittivity (εr) and dielectric loss (tanδ) were calculated from 
capacitance-voltage measurements made across the frequency range 103–106 Hz. The εr of nearly 
stoichiometric (1.6 J/cm2) and La-excess (1.2 J/cm2) films were found to be essentially constant 
at ∼26 across the 4 decades of frequency studied here (black and blue data, Fig. 4.7a). Moving 
to La-deficient films (2.0 J/cm2) resulted in a slight decrease in the overall magnitude of εr (red 
data, Fig. 4.7a). Similar trends were observed in the dielectric loss (Fig. 4.7b). Both the nearly 
stoichiometric and La-excess films exhibited lower dielectric loss (<0.01) at all frequencies 
studied, although the nearly stoichiometric films had a slightly higher loss in the higher 
frequency regime. The La-deficient films, on the other hand, exhibited enhanced losses at all 
frequency ranges with low frequency measurements yielding the highest losses. The changes in 
dielectric permittivity and loss provide more insight into the nature of the defects in these various 
films. While thermal measurements indicated an increase in defects for both cases, these 
measurements indicate that the defects possess different electronic behavior for the La-excess 
and La-deficient films. 
Due to the importance of LaAlO3 as both a candidate high-κ dielectric and in the 
LaAlO3/SrTiO3 heterointerface, numerous modeling studies have probed the expected defect 
structures in this material. 110,116,136,137 Although the details are still a matter of contention, the 
various approaches are beginning to condense on the following trends. First, in samples 
exhibiting La-excess most models suggest the formation of a neutral vacancy complex (i.e., in 
Figure 4.7: (a) Dielectric permittivity and (b) loss tangent for LaALO3 films grown to possess La-




′″ + 3VO″). In samples exhibiting La-deficiency (or Al-excess), on the 
other hand, the defect possessing the lowest energy which is also compatible with the overall 
chemistry of the material is a neutral vacancy on the La-site (i.e., VLa
x). Consistent with these 
predictions, recent high-resolution scanning transmission electron microscopy studies116  that 
focused on the B-site structure of LaAlO3 show that La-excess samples possess a local 
accumulation of B-site vacancies while La-deficient samples do not. Thus, the observed 
properties can be interpreted in this context. First, the presence of defects (be they individual or 
clusters of point defects) results in a diminished thermal conductivity due to the disruption of the 
lattice and the dominant lattice contribution to thermal conduction. Second, the presence of 
neutral vacancy pairs and clusters in La-excess films results in no extra charge donated to the 
lattice and thus there is minimal effect on both the dielectric permittivity and loss. Third, it is 
thought that La-deficient films possess neutral vacancies on the La-site which requires that three-
electrons be donated to the lattice for each such vacancy. It should be noted that these additional 
electrons are likely not free to move about the lattice. All films reveal room-temperature 
resistance >50 MΩ (at 300 K), consistent with what is expected for LaAlO3 where even heavily 
alloyed films (possessing >10% of ionic dopants) do not exhibit measureable conductivity until 
>400 °C.138 Instead these carriers are likely bound to (or nearby) the defects (thereby maintaining 
the relative high resistance of the films) but can locally work to screen the polarizability of the 
material and lead to losses and reduced permittivity. This would be consistent with the fact that 
the loss tangent is only slightly increased for the La-deficient samples as compared to the 
stoichiometric and La-excess films at room temperature. 
4.7 LaAlO3/SrTiO3 Interface 
4.7.1 Sheet Resistance 
The interfacial electrical properties of 10 unit cell thick LaAlO3 films were probed using 
temperature- and field-dependent resistivity studies (details in the Supplemental Materials). We 
focus first on films grown at 1x10-3 Torr (100% O2). Stoichiometric films exhibit metallic-like 
conductivity from room temperature down to 38K, where they experience a crossover from 
metallic-like to weakly insulator-like conduction (henceforth referred to as a crossover 
transition) (black curve, Fig. 4.8a). Note that the sheet resistance of the stoichiometric film is 
relatively flat, varying only one order-of-magnitude from 2-300K. La-excess films likewise 
exhibit metallic-like conductivity from room temperature down to ~55K, where they also 
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undergo a crossover transition and a large increase in sheet resistance down to 2K (blue curve, 
Fig. 4.10a). We also note other anomalies in the data for both the La-excess and stoichiometric 
films, particularly kinks near 70-80 and 155-180K which have been observed previously139,140 
and have been attributed to surface structural transitions in SrTiO3
141,142. Finally, La-deficient 
films exhibit metallic-like conductivity from room temperature to ~10K, where they exhibit a 
slight increase in resistance down to 2K (wine, red curves, Fig. 4.8a). To further illustrate the 
effect of stoichiometry on the properties, we have included films with 2% and 4% La-deficiency 
and we see that there is an inverse relationship between the 2K sheet resistance and the extent of 
La-deficiency. In all cases, La-deficient films possess low-temperature sheet resistances that are 
at least 1-3 orders-of-magnitude lower than that of the stoichiometric films and 5-7 orders-of-
magnitude lower than that of the La-excess films. 
There are a number of important points to make in summarizing these findings. First, 
using the growth process (in particular laser fluence) to manipulate and control the cation 
(non)stoichiometry, we have recreated sheet resistance trends which have been previously 
attributed purely to oxygen pressure variations, and consequently, to oxygen vacancies 114,139,143 
Second, there is a clear change in the crossover transition temperature with La-cation 
stoichiometry – with more La-deficiency leading to suppressed crossover transition temperatures 
Fig 4.8:  (a) Sheet resistance as a function of temperature for 10 unit cell thick La-excess, stoichiometric, 
and La-deficient films grown at a variety of oxygen and ozone pressures. (b) Sheet carrier density and 
(c) carrier mobility for the same films. 
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– suggesting a potential change in the nature of the interfacial conductance. Third, as a 
clarification of the first point, La-deficient films grown at 1x10-3 Torr reveal metallic-like 
conductivity typical of films generally grown at much lower oxygen pressures (note that many 
consider this pressure to be above that which would allow for interfacial conductance). We 
believe that this could potentially be correlated to a cation (non)stoichiometry driven reduction 
of the substrate. While oxygen vacancies likely have a role to play in the behavior of the 
heterointerface, the cation stoichiometry of the LaAlO3 film could also affect the electrical 
behavior in these heterostructures. More detailed investigations into La-deficiency are provided 
in Fig. 4.9, where we have synthesized films ranging between 1 and 4% La-deficiency. In the 
1% La-deficient films, we observe metallic, highly conducting behavior with a simultaneous 
presences of the surface structural transition features near 70-80 and 155-180K. Increasing La-
deficiency results in lower resistance and a gradual suppressing of these features. This 
observation is consistent with the explanation that increasing La-deficiency leads to increasing 
reduction of the LaAlO3/SrTiO3 interface. 
A number of recent studies 
support this hypothesis. First-
principles calculations118 have 
shown that LaAlO3/SrTiO3 
heterointerfaces with La-deficiency 
(or Al-excess) have higher densities 
of La- and O-vacancy Schottky 
pairs and these oxygen vacancies 
are generally quite mobile and are 
known to cluster in the SrTiO3 
substrate under even mildly 
reducing conditions.144,145 
Additionally, recent experiments 
suggest that a metallic state can be 
induced on the surface of SrTiO3 crystals by deposition of oxygen deficient alumina (Al2O3-x), 
granular aluminum films, or spinel γ-Al2O3 films which effectively reduce the SrTiO3 leading to 
an oxygen vacancy induced conducting state.146,147 Such observations are supported by 




investigation of Ellingham diagrams which reveal that Al possesses a large free energy of 
oxidation (the Al curve lies well below the Ti curve on the diagram) and thus in an oxygen 
starved environment, Al can be expected to reduce the SrTiO3. 
In turn, we have also investigated the effect of varying the growth pressure on the 
electrical properties. We focus here on 4% La-deficient films and investigate a number of 
different oxidation conditions: 1x10-3 Torr (100% O2 and 0.01% O3-99.99% O2) and 1x10
-6 Torr 
(100% O2 and 10% O3-90% O2). In all cases XPS and RBS studies have been completed to 
assure consistent composition. The subsequent temperature dependent resistivity studies reveal 
the ability to fine tune the nature of conductance with oxygen stoichiometry. La-deficient films 
grown in more reducing conditions display similar trends in their sheet resistance (metallic-like 
conductivity to low temperatures), with more reducing growth conditions resulting in diminished 
sheet resistance (Fig. 4.8a). We also note that growth of both La-deficient and stoichiometric 
films at 1x10-3 Torr in 0.01% O3 – 99.99% O2 had essentially no effect on the observed resistivity 
compared to the growth in 100% O2 at the same pressure, and that post-growth anneals in oxygen 
had little impact on the conductivity in these samples. More importantly, however, the films 
grown at 1x10-6 Torr (regardless of ozone inclusion) reveal no clear crossover to insulator-like 
behavior down to 2K. This is not expected for true two-dimensional systems which should 
exhibit localization of electrons148 and an up-turn in resistivity at low temperatures.149 Instead, it 
is consistent with prior studies which have shown a transformation from two- to three-
dimensional conduction in films grown at low pressures.114 This transformation in 
dimensionality of the conductivity is further supported by the fact that clear indications of the 
SrTiO3 surface structural transitions
139,140,141,142 are no longer visible in the electrical transport 
studies of the La-deficient films (a strong indicator that the conduction is no longer localized to 
the film-substrate interface). 
4.7.2 Carrier Density and Mobility 
We have also probed the sheet carrier density (Fig. 4.8b) and mobility (Fig. 4.8c) as a 
function of temperature. No data for the carrier concentration or mobility is provided for the La-
excess films, as the sheet resistance was too high to obtain reliable results. The theoretical sheet 
carrier density expected from electronic reconstruction to alleviate the polar catastrophe is half 
an electron per unit cell or ~3.3x1014 cm-2 (which serves as an effective theoretical maximum 
value of possible carriers (dashed line, Fig. 4.8b)). The carrier concentration for both the 
50 
 
stoichiometric and La-deficient films grown at 1x10-3 Torr are all at least one order-of-magnitude 
smaller than this theoretical value. The films grown at a pressure of 1x10-6 Torr, however, reveal 
sheet carrier densities between 1016-1018 cm-2, unrealistic values well in excess of the theoretical 
value (Fig. 4.10b). This is consistent with prior studies114 and with the concept that the 
conduction must be spilling over into the bulk of the SrTiO3. Similarly, there are two distinct 
types of carrier mobility (Fig. 4.8c). At all temperatures studied, the carrier mobility of the 
stoichiometric film is found to be less than the carrier mobility for the La-deficient films. 
Furthermore, the stoichiometric films reveal a maximum carrier mobility at 38K (corresponding 
to the crossover transition) before decreasing to 2K. On the other hand, all La-deficient films 
display very similar mobility trends, increasing with decreasing temperature and then essentially 
plateauing around 103-104 cm2/V-s below 25K, consistent with values reported in high-quality 
SrTiO3 films.
81 
4.7.3 Thickness Effects 
We conclude the study on the LaAlO3/SrTiO3 interface by probing the effects of film 
thickness on sheet resistance and thermal conductivity for La-deficient, stoichiometric, and La-
excess films. Other works have noted the impact of thickness on interfacial transport in this 
system,119 but this has not been thoroughly investigated as a function of film composition. Based 
on these prior works, we would expect a conducting interface only for films grown to thicknesses 
of greater than 3 unit cells, which has been both modelled and experimentally observed as the 
critical thickness for the polar catastrophe. Toward this, we grew films at 3, 4, 5, and 10 unit 
Fig 4.10:  (a) (b) and (c) provide temperature-dependent sheet resistance for La-deficient, 
stoichiometric, and La-excess films, respectively. Films of 3, 4, 5, and 10 unit cells are provided. All 
films grown at 10-3 Torr have an onset for conductivity at 4 unit cells. All films grown at 10-6 Torr 
(purple) are highly conducting regardless of film thickness. 
(a) (b) (c) 
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cells for each of the three film compositions at 10-3 Torr and 10-6 Torr O2 and measured their 
interfacial sheet resistances. The results of these measurements can be seen in Fig. 4.10. 
Let us first look at the temperature-dependent sheet resistance for the La-deficient, 
stoichiometric, and La-excess films. Beginning with the La-deficient films, we see that for all 
thicknesses 4 unit cells or higher, there is a metallic, highly conducting transport profile. The 
sheet resistance of the interface scales inversely with thickness. That is to say, thicker films have 
lower sheet resistance. When we move to the stoichiometric films, we note that the sheet 
resistance values and transport profiles do not change appreciably with increasing film thickness. 
This is a reasonable observation in the case that the stoichiometric films possess an intrinsic, 
polar-catastrophe-induced 2DEG. Finally, when we look at the La-excess films, we once again 
note that there is not a strong relationship between thickness and sheet resistance. All La-excess 
films possess a more insulating behavior, marked by generally higher sheet resistance values.  
There are several important points to make based on these results. First, all films grown 
at 10-3 Torr had an onset of measureable conductivity at 4 unit cells, regardless of stoichiometry. 
This may indicate that for all compositions, the polar-catastrophe-driven electronic 
reconstruction plays a role in the conduction. For stoichiometric films (Fig. 4.10b), there is not 
a strong correlation between thickness and room temperature sheet resistance. For La-Excess 
films (Fig. 4.10c), the sheet resistance increases slightly with increasing thickness. This may 
indicate a gradual increase in the areal defect density for defects that trap interfacial charges or 
partially screen the effects of the polar catastrophe. This is consistent with the behavior seen for 
La-excess films in Fig. 4.8. For La-deficient films (Fig. 4.10a), the sheet resistance is seen to 
decrease with increasing film thickness, which is also consistent with the La-deficient data seen 
in Fig. 4.8. Finally, we have plotted a representative curve for films grown at 10-6 Torr (Fig. 
4.10a, b, and c, purple data). Although this data corresponds to stoichiometric films grown at 
this pressure, all film compositions yielded similar trends. Note that the sheet resistance was 
found to be ~10 Ω/Square for all film thicknesses, including 3 unit cell films. This is consistent 
with the data observed in Fig. 4.8 for films grown at lower pressures. Both their carrier 
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concentration and thickness behavior are inconsistent with the polar catastrophe model. This 
indicates that the conductivity observed in films grown under these conditions is not dependent 
on film thickness, has no specific thickness onset for transport, and is likely purely the result of 
SrTiO3 substrate oxygen reduction.  
We have additionally performed thermal studies on films grown between 3.79 nm and 
70 nm using TDTR. For these studies, we group together the observed thermal resistance of the 
film and LaAlO3/SrTiO3 interface 
into one two-dimensional thermal 
conductance value, G (Fig. 4.11). 
When we plot this value as a 
function of film thickness for La-
deficient, stoichiometric, and La-
excess films, a clear pattern 
emerges. Let us first note that in the 
limit of very thin films, the 
interfacial thermal impedance is the 
dominant contribution to the 
measured thermal impedance, 
while in the limit of very thick 
films, the thermal impedance of the 
film itself is the dominant contribution. Thus, for thermal studies on films grown to a thickness 
of 3.79 nm, we can assume that these measurements are primarily probing the thermal properties 
of the interface. Conversely, for thermal studies performed on films grown to a thickness of 70 
nm, we can assume that these measurements are predominantly probing the thermal properties 
of the film. We have additionally plotted a model system (Fig. 4.11, gray dashed line) which has 
a high interfacial thermal conductance of 325 MW/m2K and a low bulk thermal conductivity of 
4 W/mK. We begin by looking at the La-excess films (Fig. 4.11, blue data). We observe a high 
G-value of ~300 MW/m2K, consistent with what we would expect for a model system with a 
high-quality interface. As we grow thicker La-excess films, we see the thermal conductance 
begin to decrease, roughly following the dashed gray line corresponding to our model system. 
Thus we can understand the La-excess films to possess a high-quality interface, but a low bulk 
Fig 4.11:  Thermal conductance values for LaAlO3 films 
grown at various thickness and composition values. The 
dashed gray line corresponds to a model film with high 




thermal conductivity. Moving to the stoichiometric sample, we once again note a high 
conductance for low thickness, which remains significantly higher than the model system out to 
thicker films. This indicates that our stoichiometric films possess both a high-quality interface 
and high thermal conductance in the bulk of the film. Finally, the results for the La-deficient film 
show low thermal conductance values at both the thin film and thick films limits. While we 
already knew that the bulk of the La-excess and La-deficient films possessed low thermal 
conductivity, this tells us that the interfaces of the La-deficient films are significantly more 
defective than for the other two stoichiometries. Thus, consistent with our electrical transport 
data, our thermal studies indicate that La-excess and stoichiometric films possess a near-ideal 
interface while La-deficient films possess a highly defective interface. 
4.8 Conclusions 
To summarize, we have shown that variations in LaAlO3 stoichiometry are readily 
achieved by small changes in PLD laser fluence. While not manifesting noticeably in structural 
studies (AFM, RHEED, XRD), these changes in stoichiometry can impact the thermal 
conductivity and dielectric response in significant ways. Both La-excess and La-deficiency were 
seen to decrease the thermal response by ∼20% for every 1% we are off in La-content films. The 
change in the dielectric permittivity and loss was somewhat asymmetric, however, with La-
excess having no appreciable change of the permittivity or loss and La-deficiency decreasing the 
permittivity by ∼10% and increasing the low-frequency loss by a factor of ∼4. Based on prior 
work in LaAlO3 defect modelling, this is likely due to an increase in carriers in La-deficient films 
that does not occur in La-excess films. Considerable work over the past decade investigated 
LaAlO3 for applications such as high-κ gate dielectrics and nanoelectronics based on exotic 
heterointerfacial phenomena. In pursuit of these goals, however, we demonstrate that it is 
important to be mindful of how growth techniques and conditions can impact the defect structure 
of the subsequent film and how these defects can control the desired responses. By combining 
non-destructive chemical characterization with thermal and dielectric measurements, it is 
possible to obtain films with the desired response via careful tuning of the growth conditions. 
For LaAlO3/SrTiO3 interfaces, the conduction in the case of the La-excess and stoichiometric 
films is consistent with what is expected for a two-dimensional interfacial state rising from 
intrinsic effects such as electronic reconstruction to avoid the polar-catastrophe (in the absence 
of an obviously dominating extrinsic explanation). This is supported by the fact that the overall 
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sheet resistance is higher, that the carrier density values are lower than the theoretical maximum, 
that clear indications of surface reconstructions in SrTiO3 are observed, and that the carrier 
mobility is lower. For the case of the La-deficient films, growth at 1x10-3 Torr results in metallic-
like conductance which is attributed to the cation (non)stoichiometry which could potentially 
drive reduction of the SrTiO3 and subsequent substrate contributions to conductance. Finally, in 
films grown at 1x10-6 Torr, extremely low sheet resistance, the complete suppression of the 
crossover transition, the extraordinarily high sheet carrier densities, and the large carrier mobility 
are consistent with the onset of significant substrate reduction and substrate-based conductivity. 
In turn it appears that cation stoichiometry can be an essential parameter that must be understood 
and controlled to access the intrinsic physics of the LaAlO3/SrTiO3 heterointerface. By 
controlling the film stoichiometry to within 5% of the ideal value observed dramatic variations 
in conduction as intrinsic and extrinsic contributions to the interfacial conductance compete. 





RARE EARTH NICKELATES 
5.1 Introduction and Background 
5.1.1 General Background 
The electronic structure and properties of conducting metal oxides has been a widely 
investigated topic for many decades. From the superconducting cuprates to SrRuO3, it has 
become clear that strong electron correlation effects make it difficult to fully understand the 
microscopic processes that govern charge transport in these systems. Metal-insulator transition 
materials are a category of conducting metal oxides which have been very appealing for a number 
of reasons. In particular, there has recently been increasing interest in rare-earth nickelates due 
to their sharp, temperature-driven, first order metal-insulator transition. Among other 
applications, they have been considered for sensors, electronic switches, thermochromic 
coatings, or non-volatile memory.150,151 Although these materials were first prepared in the 
1970s, they have not seen much application due to the difficulty of synthesis.151 The 
thermodynamic stability of parasitic phases such as NiO makes it necessary to use very high 
oxygen pressures and temperatures in order to obtain single-phase bulk samples. However, 
advances in thin film synthesis that were made, largely, during the 1990s have opened up the 
rare-earth nickelate system to a more robust set of synthesis conditions. Nickelates have, in fact, 
been successfully synthesized by a variety of thin film techniques, including pulsed laser 
deposition,152 molecular beam epitaxy,153 sputtering,154 and sol gel methods.155 
The rare-earth nickelates possess the chemical formula RNiO3, where R is from the 
Lanthanide series of rare earths. The temperature of the MIT corresponds to the ionic radius of 
the rare-earth cation chosen.151 Selecting the largest Lanthanide rare-earth, La, results in metallic 
behavior at all temperatures. As one moves down the Lanthanide series and the ionic radius of 
the A-site decreases, the MIT temperature increases. MIT temperatures as high as 600 K have 
been reported for LuNiO3.
151 This is correlated with a deviation from the “ideal” perovskites 
structure and an increase in the Goldschmidt tolerance factor. One interesting note is that as the 
ionic radius of the rare-earth cation is reduced, the Ni-O bond length remains fixed. Any 
reductions in the unit cell lattice parameters are accomplished by reductions of the NiO6 
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octahedral tilt angle. Indeed, the cosine of the tilt angle is essentially a linear function of the MIT 
temperature for the various rare-earth Lanthanides available. Antiferromagnetic ordering has 
also been observed, the onset of which either corresponds to the MIT (for PrNiO3 and NdNiO3) 
or occurs at a lower temperature than the MIT (for the remaining RNiO3 systems).
156 A number 
of studies have been performed on bulk samples in order to study the origin and nature of 
conductivity. While there is no consensus on the exact origin of conductivity, there have been 
many observations confirming structural changes to the unit cell coinciding with the MIT. First, 
when transitioning from a metallic to an insulating state, there is a small expansion (~0.4%) of 
the Ni-O distance and, as a result, an expansion of the unit cell (~0.2%). This expansion is 
accompanied by a simultaneous decrease of the Ni-O-Ni superexchange angle by ~0.46°. Taken 
all together, these studies indicate that the Ni-O distance and superexchange angle are highly 
relevant structural parameters for controlling the MIT temperature and behavior for the RNiO3 
system. 
5.1.2 Manipulating the TMI in RNiO3 
Toward this, chemical doping and hydrostatic/epitaxial strain have been investigated as 
possible routes to modifying the temperature and character of the MIT. Use of divalent and 
tetravalent atoms as substitutions for the R3+ cation has allowed researchers to explore both 
electron and hole doping for the nickelate system. Ca, Ce, Sr, Th, and other cations have been 
used.157 Generally, it was found that carrier doping had a tendency to lower the temperature and 
damp the magnitude of the transition. While hole doping was seen to have a more pronounced 
effect, electron doping achieved similar results. One limitation of using substitutional defects to 
achieve carrier doping is that there are local strain fields associated with substituting in different-
sized cations. In order to separate out this factor, others have used top gates to drive charge into 
or out of the film.154 These studies have seen similar results, with a general suppression of the 
transition to lower temperatures. 
Studies on strain effects fall into two categories: high-pressure hydrostatic environments 
and thin film epitaxial strain. Hydrostatic measurements have universally observed a decrease in 
the TM-I with increasing compressive strain, though there is no strong consensus on whether this 
relationship is linear158 or quadratic.159 As pressure increases, the Ni-O distance and Ni-O-Ni 
angle simultaneously decrease. Additionally, for pressures higher than 40 kbar, the symmetry of 
the system changes from orthorhombic to rhombohedral. The results of experiments on epitaxial 
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strain have been somewhat less consistent and often contradictory. For example, in NdNiO3, 
compressive strain has been seen to both increase160 and decrease154 the TM-I value, suppressing 
it entirely161 in some cases. Others have argued that in-plane strain anisotropy is the most 
important factor, instead of simply the value and sign of the applied strain.162 A number of 
computer simulations have also been performed for the rare earth nickelates. These simulations 
suggest that the symmetry of the underlying substrate163 has an additional impact on the rotation 
and shape of the oxygen octahedra, which is responsible for some of the observed differences in 
the transport profiles. All in all, there is no general agreement on the interaction between epitaxial 
strain and transport properties in the rare earth nickelates. 
 
5.2 Effects of Non-Stoichiometry on Structure and Transport 
The complexity of the situation in films can be further exacerbated by the fact that film 
stoichiometry – including cation and anion chemistry – can also potentially play a role in the 
evolution of properties. Many reports have studied or alluded to the role of oxygen non-
stoichiometry160,162, 161 , 164,165 to account for discrepancies in reported transport data. Cation non-
stoichiometry, however, has been largely ignored with few groups including compositional 
studies as part of their growth process. Most studies use only X-ray diffraction to probe phase-
purity,166,167 but such an approach has been shown to be insufficient to accurately assess the 
chemical state of such complex oxide materials. It is well known that the perovskites can remain 
phase pure and exhibit diffraction patterns consistent with what might be expected despite 
possessing many atomic-percent of nonstoichiometry. Although X-ray diffraction can highlight 
some telltale signs of non-stoichiometry, such as lattice expansion, extensive studies coupling 
lattice expansion with chemistry in the nickelates have not been completed. With this in mind, 
and with a knowledge that many factors – including cation-doping, pressure, epitaxial strain, etc. 
– can drive dramatic changes in the nature of electronic transport in the nickelate systems, it 
seems important to assess the role of non-stoichiometry as well. As we have shown earlier in 
this manuscript, slight deviations in chemistry can play an important role in the evolution of 
properties of conducting oxide systems and, thus, motivate the current chapter. 
In this chapter, we undertake a detailed study of the relationship between variations in 
the growth process, subsequent variations in cation stoichiometry, and ultimately the electronic 
properties of NdNiO3 thin films. We reveal that by changing the growth conditions, in particular 
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the laser fluence, during pulsed-laser deposition growth of NdNiO3, we can produce films that 
are, from X-ray diffraction, single-phase despite possessing as much as 15% Nd-excess. For 
films <100 nm, regardless of stoichiometry, the films remain coherently strained on a wide range 
of perovskite substrates. Subsequent study of the temperature-dependence of the electronic 
transport, however, reveals dramatic changes in both the TMI and the magnitude of the resistivity 
change at the MIT. In general increasing cation non-stoichiometry gives rise to a decrease (and 
ultimately a suppression) of the TMI and the magnitude of the resisitivity change associated with 
the MIT. Armed with the ability to produce nearly-stoichiometric NdNiO3 thin films, we proceed 
to explore epitaxial strain, thickness, and orientiation-dependence of the temperature-dependent 
electronic transport. As the lattice mismatch transistions from tensile to compressive in nature, 
we observe a systematic reduction of TMI and a corresponding reduction in the magnitude of the 
resistivity change across the MIT. In general, thinner films are found to possess sharper MITs 
with larger changes in the resistivity across the MIT. Finally, studies of film orientation reveal 
that the (001)-oriented films possess both the sharpest and largest change in resistivity assoicated 
with the MIT as compared to the (110)- and (111)-oriented films. The smearing of the MIT in 
the (110)- and (111)-oriented films is found to arise from highly anisotropic transport properties 
along the in-plane directions of the film which can give rise to changes in the TMI along different 
Fig. 5.1: (a) Shows wide angle 2θ scans of the 110 and 220 diffraction peaks for NdNiO3. Note that all 
wide angle scans for fluences higher than 0.7 J/cm2 reveal single phase films. (b) Shows 2θ scans about 
the 220 diffraction peak for NdNiO3. Note the formation of the layered Nd4Ni3O8 and Nd2NiO4 phases 
as the fluence continues to decrease. 
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directions as large as ~60°C and differences in the resistance change below TMI as large as 500%. 
These variations are connected to the anisotropic strain that is applied to the material. 
 
5.2.1 Structural Characterization  
10-120 nm thick NdNiO3 (which possesses an orthrhombic structure with lattice 
parameters a = 5.389 Å, b = 5.382 Å, and  c = 7.610 Å and a pseudocubic lattice parameter apc 
= 3.807 Å) thin films were grown on LaAlO3 (001), (110), and (111) (cubic, a = 3.79 Å), 
0.3(LaAlO3)-0.7(Sr2AlTaO6) (LSAT) (001) (cubic, a = 3.87 Å), NdGaO3 (110) (orthorhombic, 
a = 5.433 Å, b = 5.503 Å, and c = 7.716Å; apc = 3.86 Å), and SrTiO3 (001) (cubic, a = 3.905 Å) 
single-crystal substrates. Films were grown via pulsed laser deposition using a KrF excimer laser 
(LPX 305, Coherent) in 200mTorr of O2 at a frequency of 5 Hz at 750°C (temperature measured 
by a thermocouple embedded in the heater block). A ceramic NdNiO3 target was used for all 
growths. Following growth, films were cooled at 5°C per minute to room termperature in 700 
Torr of oxygen to promote oxidation. As part of this work, we focused on the role of changing 
laser fluence on the evolution of the structure and properties of the NdNiO3 thin films. We have 
explored laser fluences ranging from 0.5-2.1 J/cm2. Following growth, the structure of the 
NdNiO3 films was studied using X-ray diffraction θ-2θ and reciprocal space mapping studies. 
From brevity, we focus here on the evolution of structure in 70 nm NdNiO3/NdGaO3 (110) 
heterostructures as an illustrative example. X-ray diffraction θ-2θ studies reveal that the films 
grown at laser fluences of 0.9 J/cm2 and higher are single-phase (Fig 5.1a) with films grown at 
lower fluences showing the presence of parasitic, Nd-rich phases Nd2NiO4 and Nd4Ni3O8 (which 
belong to the An+1BnO2n+2 series which is related to, but distinct from, the Ruddlesden-Popper 
series)[168] (Fig 5.1b). Close inspection of the single-phase NdNiO3 films reveals that the out-of-
plane lattice parameter of the films gradually contracts as the fluence is increased (Fig 5.2a). 
From epitaxial strain and Poisson effects an decrease in the c-axis lattice parameter by 0.7% as 
compared to bulk is expected; however, for the films studied here an additional expansion of the 
out-of-plane lattice parameter (from the predicted coherently strained peak position) of 0.2-1.6% 
is observed as we move from high-to-low laser fluences. This matches closely with the results 
observed previously in this manuscript for SrTiO3 films
 and, considering the Nd-rich phases 
observed at lower fluences, seems to indicate a fluence dependence of the film stoichiometry 
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with lower fluences favoring Nd-excess.  The expansion of the out-of-plane lattice parameter is 
indicative of the presence of lattice-distorting cation defects, likely vacancies or vacancy 
complexes, which are known to expand the lattice.169,170 Despite this fact, the quality of the films 
appears to be quite high as all films reveal relatively sharp diffraction peaks and clear Kiessig 
fringes which arise from the excellent quality of the film-substrate interface and smooth film 
surface and represent a set of constructive and destructive interference patterns indicative of the 
film quality. Similar results have been found for growth on the other substrates and additional 
X-ray diffraction θ-2θ and reciprocal space mapping studies are provided (Fig. 5.3). 
The in-plane lattice constants and the strain state of the films was investigated by 
reciprocal space mapping studies about the 332- and 240-diffraction conditions of both the 
Fig. 5.2: (a) Shows 2θ scans of the 220 diffraction peaks for NdNiO3 for films grown at four laser 
fluences: 0.9, 1.3, 1.7, and 2.1 J/cm2. The expected position of the bulk NdNiO3 peak is marked with 
the black dashed line. The expected position of the coherently strained NdNiO3 peak is marked with the 




NdNiO3 film and the NdGaO3 substrate. Focusing again on the films grown between 0.9-2.1 
J/cm2 (Figure 1b-e), the reciprocal space mapping studies reveal that all films, regardless of laser 
fluence, are coherently strained to the substrate and possess identical in-plane lattice parameters. 
For brevity we show here only the reciprocal space maps about the 332-diffraction condition of 
the film. Additionally, consistent with the θ-2θ scans, the out-of-plane lattice parameter of the 
film in the Qy-direction is found to decrease as the laser fluence increases.  The combination of 
the θ-2θ and reciprocal space mapping studies indicates that the changes in the out-of-plane 
lattice parameter are not the result of some complex strain relaxation process in the films, but 
are indicative of changes in the volume of the unit cell of the NdNiO3 as the growth conditions 
are varied. Regardless of the laser fluence, the films are found to be coherently strained and this 
results in a systematic decrease in the out-of-plane lattice parameter as fluence is increased. 
Based on these structural studies alone, it is clear that the structure of the NdNiO3 films is 
accutely sensitive to the growth parameters. In order to determine the cause of the observed 
structural changes and their ramifications on the MIT behavior, we went on to perform studies 
of both the film chemistry and physical properties of these films. 
 
5.2.2 Effect of Cation Non-Stoichiometry on Electrical Transport 
The chemistry of the as-grown films was probed using Rutherford backscattering 
spectrometry (RBS). A characteristic RBS spectrum for a NdNiO3 film grown at 2.1 J/cm
2 is 
provided (Fig. 5.4a). Consistent with our hypothesis, dramatic variations in the cation chemistry, 
here reported as a percentage of Nd-excess or –deficiency as calculated by [Nd]/([Nd]+[Ni]) x 
100, are observed as the laser fluence is varied (inset, Fig. 5.4a). We note that we cannot uniquely 
differentiate between Nd-excess and Ni-deficiency, but for simplicity choose to refer to the 
Fig. 5. : (a) Shows 2θ scans of the 220 diffraction peaks for NdNiO3 for films grown on four substrates: 
LaAlO3, LSAT, NdGaO3, and SrTiO3. (b)-(e) Shows reciprocal spaces maps about the 332 and 240 
diffraction peaks for NdNiO3 on these substrates. 
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chemical state in terms of the Nd content. Stoichiometric films, within the error of the RBS 
studies (determination of the error of the RBS studies is provided Appendix C), are found to be 
produced at relatively high laser fluences (2.1 J/cm2). Upon decreasing the laser fluence, the 
films trend towards more and more Nd-excess and when one reaches a laser fluence of 0.9 J/cm2 
a single-phase, epitaxial, high-quality thin films of 15% Nd-excess NdNiO3 is observed.  Such 
trends in cation non-stoichiometry are consistent with the results from both SrTiO3 and LaAlO3, 
where lower laser fluence tended to favor excess of the A-site cation and higher laser fluence 
tended to favor excess of the B-site cation. Again, we would like to reemphasize the fact that 
these films grown at 0.9 J/cm2, despite possessing 15% Nd-excess, exhibited no signatures of 
secondary phases in the X-ray diffraction studies (Fig. 5.3a). Somewhat surprisingly, this 
indicates that 15% Nd-excess is either within the effectiuve solubility limit (given the kinetic 
and epitaxial constraints on the system) or that the frac tion of any Nd-excess phases are below 
the sensitivity of the diffraction experiments. These results are of crucial importance because 
they show that observing single-phase, epitaxial, high-quality diffraction peaks, even those 
possessing telltale signs of high-quality (i.e., sharp peaks, Kiessig fringes), is insufficient 
evidence of a stoichiometric or “ideal” film. Armed with this information, we went on to 
determine the impact that the observed deviations in film stoichiometry have on the electronic 
transport properties. 
Fig. 5.4: (a) Shows a sample RBS spectrum for stoichiometric NdNiO3 grown at  2.1 J/cm2. The 
inset table provides compositional information for the films grown between 0.9 and 2.1 J/cm2.  
(b) Shows transport profiles for the 15% (red), 6% (blue), and 3% (purple) Nd-excess films as 
well as for the stoichiometric (black) film.  
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The transport measurements were performed in a van der Pauw configuration. The 
resulting temperature-dependent electronic transport profiles for 70 nm thick stoichiometric, 3% 
Nd-excess, 6% Nd-excess, and 15% Nd-excess films are provided (Fig. 5.4b). Stoichiometric 
films (black data, Fig. 5.4b) exhibit a sharp MIT whereby the resistivity increases by 2000% 
over a 15 K wide temperature range about the phase transition (the onset of which occurs at ~161 
K). Below the phase transition, the resistivity further increases by another 1.5 orders of 
magnitude by the time the temperature reaches 50 K. Overall the system shows a 34,000% 
change in resistivity within the range of temperatures probed here. This behavior is (roughly) 
consistent with prior students of epitaxially strained NdNiO3/NdGaO3 (110) heterostructures.
154 
Upon deviation from stoichiometry and the introduction of Nd-excess, we observe an increase 
(decrease) in the resistivity of the metallic (insulating) states – resulting in a systematic damping 
of the magnitude of the resistivity changes associated with the MIT, a reduction in the TMI, and 
a broaden of the  transition region in temperature. Even just 3% Nd-excess in the films (purple 
data, Fig. 5.4b) results in a suppression of the exhibited TMI (~144 K) and a reduction of the 
resistivity change across the MIT (a 500% increase in resistivity over a 17 K wide temperature 
range) and only a 4800% change in resistivity across the entire temperature range studied. For 
all films possessing >6% Nd-excess (blue and red data are for 6% and 15% Nd-excess, 
respectively, Fig. 5.4b), the films exhibit a semiconducting-like temperature-dependence of 
resistivity across all temperature ranges probed. Weak or unresolvable MITs are observed in 
films in this stoichiometry range. For the 6% Nd-excess film, a weak hysteresis observed 
between 80-160K. Overall the 6% and 15% Nd-excess films exhibit only 500% and 180% 
changes in resistivity across the entire temperature range studied. There are several important 
points to make in summarizing these findings. First, we have shown that cation stoichiometry is 
a pivotal parameter for controlling the character of the MIT in NdNiO3 films. Second, by using 
laser fluence to tune the cation stoichiometry of the system, we have managed to fabricate films 
with different TMI values on the same substrate. This indicates that without carefully controlling 
the growth process, it is difficult to know whether observed changes in NdNiO3 transport 
properties are purely the result of substrate-strain induced effects. It is instead possible that a 
non-negligible percentage of experimental observations for the NdNiO3 systems have probed 
defect-induced, extrinsic effects. Finally, even though the NdNiO3 phase is capable of handling 
up to 15% Nd-excess, the transport properties of such films deviate substantially from those of 
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the stoichiometric samples. For this reason, phase purity is a necessary but insufficient condition 
for achieving sharp, first order MIT properties. These insights may be instrumental to clearing 
up some of the experimental inconsistencies in prior works on epitaxially strained RNiO3 
films.154,161,171 
It is illustrative to compare these results to effects observed in both electronic gating and 
chemical alloying studies of NdNiO3. Upon application of voltages using a ionic liquid contact, 
researchers observed a reduction of the TMI (~45 K for application for 4 V) as well as a reduction 
in the resistivity change associated with the MIT as the applied electric field drives an increase 
in the carrier concentration and stabilizes the metallic state of the material.154  Likewise, by 
alloying with 5% of either Ca2+ or Sr2+ (corresponding to the addition of holes) or 5% of Th4+ 
(corresponding to the addition of electrons), researchers have observed a reduction of TMI by as 
Fig. 5.5: Temperature dependent transport profiles for NdNiO3 films grown on LaAlO3, LSAT, 
NdGaO3, and SrTiO3. 
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much as ~130 K and a corresponding reduction in the magnitude of the resistivity change across 
the MIT by upwards of 3 orders of magnitude. These seemingly contradictory observations were 
explained by a combination of size effects from the inclusion of different cations (resulting in a 
change in Ni-O-Ni bond angle and distance) and the fact that all dopants introduce extra carriers 
(since it is thought that both electrons and holes can be directly incorporated into the Ni-O bands 
of such Ni3+ compounds). For the films studied here, we demonstrate that it is possible to 
introduce as much as 15% Nd-excess (likely as point defects) via the growth process while 
maintaining a single-phase thin film. These excess Nd cations provide two possible mechanisms 
by which to suppress the TMI and drive a reduction in the magnitude of the resistivity change 
associated with the MIT. Such point defects generally result in 1) an expansion of the lattice  and 
2) the production of excess charge (assuming the charged defects are not totally compensated by 
other charged defects) - which can both impact the nature of electronic transport. This said, we 
hypothesize that, in these samples, the majority of the effect arises from structural (not charge) 
mechanisms for the following reasons. First, the production of free charge carriers as a result of 
the cation non-stoichiometry likely has less influence on the system as compared to the massive 
structural changes observed. Although it is impossible to completely exclude these effects thus 
far, the individual and clustered charged point-defects can be readily accommodated 
electronically by other charged defects without the need for the production of free charge 
carriers. On the other hand, the lattice expansion observed in the films corresponds to a 0.2-1.6% 
deviation from ideal, which is on the order of strain provided by epitaxial growth on substrates. 
Given this fact, we went on to grow ideal NdNiO3 films on a variety of substrates with different 
strain states in order to compare the effects of substrate-induced epitaxial strain with defect-
induced strain of similar magnitudes. 
 
5.3 Effects of Substrate Selection and Orientation on Transport 
Properties 
 5.3.1 Substrate Selection 
 Now that we have a pathway to systematically fabricating NdNiO3 films with ideal 
stoichiometry and transport properties, we will investigate the role of epitaxial strain on the 
intrinsic material response. Fig. 5.5 contains temperature dependent transport profiles for 70nm 
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stoichiometric NdNiO3 grown on SrTiO3, NdGaO3, LSAT, and LaAlO3. For both compressive 
(LaAlO3) and tensile (SrTiO3, LSAT, NdGaO3) strain, we found the TMI to be reduced from the 
bulk value of 200 K. For films grown on LaAlO3 (-0.5% compressive), the TMI value was found 
to be 80 K. As the strain transitioned from compressive to tensile, the TMI gradually increased 
to 153 K on LSAT (1.1% tensile), 162 K on NdGaO3 (1.1% tensile), and 168 K on SrTiO3 (2.3% 
tensile). Furthremore, across this range of strain, we observe an increase in the resistivity of the 
metallic phase from 192 μΩ-cm in films grown on LaAlO3 to 300-400 μΩ-cm in films grown on 
NdGaO3 and LSAT to 1600 μΩ-cm in films grown on SrTiO3. Finally, we note the differences 
Fig. 5.6: (a) and (b) Show van der Pauw resistivity for, respectively, 10 and 70nm 100-, 110-, and 111-
orieted NdNiO3/LaAlO3 films. (c) and (d) Show the raw resistance data for the 110-oriented films along 
the in-plane 001 and 1-10 directions. (e) and (f) Show the raw resistance data for the 111-oriented films 
along the in-plane 1-10 and 11-2 directions. 
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in the transport profile between films grown on NdGaO3 and LSAT, which have very similar 
strain values. We can understanding these differences by considering the fact that the NdGaO3 
substrate is orthorhombic with in-plane anisotropy to the lattice constant while LSAT is cubic. 
Given that NdNiO3 is also orthorhombic, the selection of an orthorhombic substrate may help 
stabilize ab-orientation over c-orientation or vice-versa. In cubic LSAT, however, it is possible 
that both orientations nucleate during the initial stages of growth, leading to anti-phase 
boundaries. Furthermore, different orientations can lead to different octahedral responses.172 Ab-
oriented perovskites under tensile strain show a net rotation amplitude reduction (favoring the 
metallic phase) while c-oriented films demonstrate a conservation of the rotation magnitude 
(favoring the insulating phase). Based on these results, we conclude that in films grown under 
ideal conditions, compressive strain is associated with a reduction of the Ni-O bond distance and 
tensile strain is associated with an expansion of the Nd-O bond, both of which serve to straighten 
the octahedral bucking angle and decrease the TMI when compared to bulk.  
5.3.2 Substrate Orientation 
With an understanding of the effect of epitaxial strain on the MIT, we conclude by 
investigating the impact of substrate orientation on the transport properties. Prior work on this 
topic has investigated NdNiO3 on NdGaO3,
162 noting a damped hystersis for films grown on 001- 
and 100-oriented substrates. This was correlated to changes in substrate strain anisotropy arising 
from the orthorhombic distortion of the NdGaO3 substrate. In order to probe similar effects for 
a substrate without in-plane anisotropy to the lattice parameters, we grew a series of films on 
(001), (110), and (111) oriented LaAlO3 substrates. Films were grown to two thicknesses, 10nm 
and 70nm, in order to probe the role of thickness and relaxation effects. Fig. 5.6 contains the 
transport profiles for the three orientations. Let us first begin with the resistivity profiles for these 
films(Fig. 5.6a and b). The 10nm film grown on LaAlO3 (001) (Fig. 5.6a, black data) exhibits a 
very sharp transition at 100 K, with a 3 order-of-magnitude change in resistivity present in the 
hysteresis and a 6 order-of-magnitude change from 100 K (50 μΩ-cm) to 2 K (>1,000,000 μΩ-
cm). This is consistent with prior results for NdNiO3 grown on LaAlO3
154 and confirms the high 
quality of our films. Moving to the same film grown to a thickness of 70nm (Fig. 5.6b, black 
data), we see the TMI decrease slightly along with a significant suppression of the magnitude of 
the transition. This could be due to relaxation effects in the film, as misfit and threading 
dislocations, which form to accommodate the increasing strain energy, can induce local 
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variations in the strain state.173 This has been seen to broaden174 the MIT and modify175 the TMI 
in NdNiO3. In both 10 and 70 nm, however, the resistivity of the high temperature metallic state 
is quite low, with values of 100-200 μΩ-cm at 300 K. 
When we look at the profiles for both the (110)- (Fig. 5.6c and d) and (111)- (Fig. 5.6e 
and f) oriented films, we generally see broad transitions with a very small hysteresis. Focusing 
first on the 10 nm films, we observe increased resistivity for the high-temperature metallic states, 
with values of 450 μΩ-cm for (110)-oriented films (Fig. 5.6a, blue data) and 1300 μΩ-cm for 
(111)-oriented films (Fig. 5.6a, red data) at 300 K. The TMI appears to be reduced to 50 K and 
70 K for (110)- and (111)-oriented films, respectively. The magnitude of the transition in both 
cases was greatly diminished, with resistivity changes of a factor of ~2 between 50-70 K and 2 
K. We observe very similar profiles for the 70 nm (110)- and (111)-oriented films (Fig. 5.6b, 
blue and red data, respectively), although the TMI has shifted to ~120 K. This could be indicative 
of relaxation effects,[174,175] although it is interesting that for these orientations the TMI was seen 
to increase with increasing thickness while the opposite was observed for (001)-oriented films. 
Such results hint at a complex interplay between orientation and relaxation effects. We note, 
however, that these profiles are derived from the van der Pauw calculation which relies on 
roughly isotropic transport profiles along the two in-plane directions. When we go back to look 
at the raw transport data along the two in-plane directions for the (110)- and (111)-oriented films, 
a different picture begins to emerge. 
Beginning with the 10 nm (110)-oriented resistance data (Fig. 5.6c), we can measure the 
transport along the [001] and [11̅0] directions. Both have a lower temperature transition at 
around 50 K with a small hysteresis and a significantly damped MIT. When we look at the 
transport along the [11̅0] direction, we note the presence of another feature at around 150 K. 
This feature is marked by a slight upturn in resistivity, possibly indicating an addtional, albeit 
almost entirely suppressed, transition. When we look at the 70 nm (110)-oriented films (Fig. 
5.6d), we see the transition at 150 K become increasingly dominant along the [11̅0] direction, 
with the hysteresis of the 50 K transition beginning to diminish. Similarly, we observe the TMI 
along the [001] direction to completely increase to ~150 K. Looking at the (111)-oriented film, 
we note even greater transport anisotropy. In 10 nm film (Fig. 5.6e), we observe a transition at 
~100 K with no observable hystersis along the [11̅0] direction. Along the [112̅] direction, we 
note the presence of a small hysteresis at 150 K. In both cases, the resistivity was observed to 
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increase by a factor of ~6 across the MIT. As the thickness is increased to 70 nm (Fig. 5.6f), the 
150 K hysteresis along the [112̅] direction opens up considerably, although the absolute 
magnitude of the transition remains largely unchanged. We also observe an additional feature 
appearing along the [11̅0] direction at ~120 K, similar to the double transition observed along 
the same directi on for (110)-oriented films. Given that the transport profiles exhibit such 
pronounced changes with increased thickness, it is possible that they result from different partial 
film relaxation along the different in-plane directions. It is also possible that the lower 
temperature transitions come from substrate effects that are dominant near the interface such as 
Fig. 5.7: (a), (b) and (c) show cartoon depictions of the possible strain states of NdNiO3 on 001-, 110-, 
and 111-oriented LaAlO3, respectively. Cartoon images of the orientation of the unit cell are provided 
with the shaded purple region indicating the plane along which the epitaxial strain is applied. Orange 
arrows show the direction of the compressive substrate strain and blue arrows show the direction of 
lattice expansion from biaxial strain. 
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influence from the octahedral tilts in the LaAlO3. The importance of these effects would fall off 
in thicker films, as there is more active material away from the film-substrate interface. 
Overall, there are two important notes from this study. First, the overall transport 
character is highly dependent on substrate orientation. Second, the transport in the (110)- and 
(111)-oriented films is highly in-plane anisotropic. In previous work on NdNiO3/NdGaO3 
heterostructures, the relationship between orientation and transport was explained by strain 
anisotropy.162 We observe similar responses to changes in substrate orientation, however, and 
the strain values in the NdNiO3/LaAlO3 system are not especially anisotropic. We remind the 
reader that NdNiO3 possess an orthrhombic structure with lattice parameters a = 5.389 Å, b = 
5.382 Å, and c = 7.610 Å while LaAlO3 possesses a rhombohedral structure with  a = 3.79 Å. It 
is unclear which orientation the orthorhombic NdNiO3 structure prefers to take on LaAlO3, if 
there is a preference at all. As a result, there are two scenarios for in-plane strain, depending on 
the orientation of the film unit cell direction. Both cases can be seen in Fig. 5.7. In either scenario, 
the strain values fall between 0.39% and 0.47% for all orientations, and the anisotropy of the two 
in-plane directions only decreases when transitioning to 111-oriented films. For this reason, the 
anisotropy of the strain does not seem to be the important parameter. Rather, the orientation of 
the oxygen octahedra within the strain field is of central importance. The orientation of the 
octahedral can be seen in Fig. 5.7 (bottom of figure) for each orientation. Note that for (001)-
oriented (Fig. 5.7a) films, there is a compression along the two in-plane corners and an expansion 
along the out-of-plane corner for the octahedral. For the (110)-oriented films, there is a 
compression along one corner and one edge (Fig. 5.7b) as well as an expansion along the out-
of-plane octahedral edge. Finally, for (111)-oriented films, there is a compression along the in-
plane faces with an expansion along the out-of-plane octahedral face. Given the importance of 
octahedral tilts and bond lengths in the RNiO3 system, the orientation of the octahedral within 
the strain field is a highly important detail, and a theoretical precedent for this has been set in 
literature. Indeed, it has been previously predicted that the biaxial nature of epitaxial strain could 
be expected to induce anisotropy in the transport properties of the rare eartch nickelate 
systems.176 This arises from the different buckling angles associated with the application of strain 






We have shown that laser fluence has a marked effect on the composition of NdNiO3 
films. Deviations of up to 15% were seen to be soluble in the NdNiO3 perovskite phase. Both 
structural and electrical properties were found to be highly sensitive to such deviations. 
Expansions to the out-of-plane lattice parameter were found, indicating the presence of lattice-
distorting cation defects. Eventually, increasing Nd content began to precipitate layered 
perovskite phases of the Ndn+1NinO2n+2 family. Transport properties were observed to diminish 
in the presence of non-stoichiometry, illustrating the importance of understanding and 
controlling the growth process to synthesize ideal films. Separating out the impact of extrinsic 
effects, we were able to comclusively determine the role that epitaxial strain plays in controlling 
the MIT for NdNiO3. We found that both compressive and tensile strain yield TMI values 
diminished from bulk, although films under compressive strain were found to possess the lower 
values. Finally, we investigated the influence of substrate orientation on transport properties and 
found significant transport anisotropy for the (110)- and (111)-oriented films. These results 
indicate the importance of understanding how the complex interplay between strain and 





Summary of Findings and Suggestions for Future Investigations 
6.1 Summary of Findings 
 By studying heteroepitaxial films of SrTiO3, LaAlO3, and NdNiO3, I have demonstrated 
a clear relationship between laser fluence and film composition. Across all three systems, I have 
shown that high fluence universally favors an excess of the B-site while low fluence favors an 
excess of the A-site. It is unclear at this point whether this trend is related to the fact that the A-
site atom has been more massive in the cases studied, or whether it arises from some other effect. 
I have shown that perovskites oxides are capable of maintaining phase purity for significant 
compositional deviations and that these effects have been often ignored previously in literature. 
By using XRD, I have shown that structural studies can be highly sensitive or almost entirely 
insensitive to such deviations, making them unreliable in detecting non-stoichiometry. Thermal 
and electrical responses have proven the most sensitive to non-stoichiometry, and many 
inconsistencies in the field have been cleared up based on the results of such studies on 
LaAlO3/SrTiO3 interfaces. Overall, it is clear that there is no true substitute for direct chemical 
measurements such as RBS or XPS and that any studies on complex perovskites oxides grown 
via PLD which do not include such compositional characterization may not be studying the films 
that they claim to be studying. 
6.1.1 Summary of Chapter 1 
 Chapter 1 functioned as an introduction to the primary questions of the dissertation. We 
began by introducing several complex systems and discussing the various applications and 
phenomena that have driven researchers toward such systems, including ferroelectricity, 
ferromagnetism, colossal magnetoresistance, and high temperature superconductivity. A brief 
description of how complex oxides have been increasingly used in the microelectronics industry 
was provided, with specific attention put on how improvements in the growth process have 
enabled further development. We went on to discuss the pervoskite system in particular, focusing 
on its functional versatility and the effect of using different metallic cations on the structure and 
symmetry of the subsequent material. We introduced SrTiO3 as a canonical cubic perovskites 
system and show how changes of the A-site cation to either Ca or Ba lead to distortions of the 
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cubic structure and enhanced functionality. Following this, we discussed possible defect 
structures in ionic crystals and explain how such defects can cause a variety of extrinsic effects 
in our materials. We drew specific attention to point defects, as the most ubiquitous variety of 
defects in our system. The core questions that this dissertation sought to address were presented 
next, which were: How can we use the PLD process to synthesize ideal films? What defect 
structures begin to appear when we deviate from these ideal conditions and how do they impact 
the properties of interest? Finally, how do we separate out intrinsic and extrinsic responses and 
can we reliably synthesize films of sufficiently high quality to make use of the system’s intrinsic 
responses? In order to address these questions, we introduced three material systems of interest: 
SrTiO3, LaAlO3 and NdNiO3. Case studies on each of these materials will form the body of work 
carried out in chapters 3, 4, and 5. We concluded this introduction with a short outline for the 
organization of the dissertation and a summary of the individual chapters. 
 
 
6.1.2 Summary of Chapter 2 
 Chapter 2 offered a historical perspective on the PLD growth technique. We began by 
introducing the origins of studies on laser-solid interactions with experiments on ruby lasers 
carried out in the 1960s. We showed how two factors led to the emergence of PLD as an 
incredibly popular film-growth technique in the late 1980s: 1) Improvements in film growth 
quality putting PLD-grown films on par with those grown via MBE and 2) The discovery of high 
TC superconducting oxides. The ability of the PLD technique to quickly and reliably fabricate 
these superconducting oxide films thrust the technique into the mainstream and led to a vast 
amount of scientific publications. The work on the superconducting oxides seemed to indicate 
that PLD was excellent at maintaining target composition, based on the sensitivity of 
superconductivity to small stoichiometric deviations. It was during this period of time that other 
researchers began to experiment with other oxide systems, including early work on oxide 
ferroelectrics. We go on to show how models of laser-solid interactions have evolved alongside 
laser technology improvements and how the absorption process depends on competition between 
several complex mechanisms We finally discussed how changes to the technique have occurred 
during the early 2000s, seeing a general decrease in laser fluence and growth rates, in order to 
more carefully control films and interfaces. However, as these changes have been made, several 
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studies have noted deviations from assumptions made during the high TC period about perfectly 
stoichiometric material transfer. We concluded this chapter by broadly discussing how an 
understanding the complexity of the PLD process will be necessary for understanding and 
appreciating the inconsistencies of prior works in our three model systems. 
6.1.3 Summary of Chapter 3 
 Chapter 3 used a model system, SrTiO3, to begin probing the impact of growth 
conditions on composition and properties. We show how laser fluence has a marked effect on 
film stoichiometry and how small variations can lead to 4% Sr-excess or –deficiency, with only 
films grown at a fluence of 0.5 J/cm2 yielding a 50:50 Sr:Ti ratio. By studying structural 
properties via XRD and STEM, we have discovered significant asymmetries in relaxation 
behavior between Sr-excess and Sr-deficient films, which we were able to directly link to 
differences in defect formation. We have shown strain relaxation via misfit dislocation formation 
occuring in films with nearly ideal stoichiometry, but at thicknesses 1-2 orders-of-magnitude 
greater than that predicted by classical models. Films exhibiting Sr-excess were seen to form 
extended volumetric defects and films exhibiting Sr-deficiency were seen to form clusters of 
vacancy point defects. In both cases, these defect structures offered lower energy mechanisms 
for strain relaxation or accommodation, and lead to critical thicknesses for strain relaxation that 
vary from 60 nm to 300 nm. Furthermore, we observed the interfacial sharpness of these films – 
as evidenced by STEM EELS studies of interfacial intermixing – varies locally based on the 
relative proximity of such defect structures from 1 to 5 unit cells. We have gone on to show how 
these defect structures can profoundly impact the physical responses of the film though our 
studies of dielectric response and thermal conductivity. We have seen how small concentrations 
of defects can lead to large reductions of the high dielectric constant expected in SrTiO3, as 
extrinsic factors begin to overpower the intrinsic response of the system. Finally, we have seen 
these defect structures tune thermal conductivity in SrTiO3 by almost a factor of 5, undoubtedly 
an important feature for those seeking to use SrTiO3 for thermoelectric applications. In both 
cases, we have observed a strong asymmetry in the physical responses, based on the differences 
in defect structures between Sr-excess and Sr-deficient films. Overall, this chapter offers an 
important lesson for oxide growth via PLD: maintaining film stoichiometry is not a given for the 
PLD process. Furthermore, relatively small changes in growth conditions can, in truth, cause 
large changes in the physical, dielectric, and thermal responses of the subsequent films. Based 
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on the results of this chapter alone, it is clear that many inconsistencies noted previously in 
literature could plausibly depend on otherwise unnoticed stoichiometric deviations. 
6.1.4 Summary of Chapter 4 
 Chapter 4 took the lessons learned from Chapter 3 and began applying them to a more 
complex system: the LaAlO3/SrTiO3 interface. Similar to the case of SrTiO3, we note that 
variations in LaAlO3 stoichiometry are readily achieved by small changes in PLD laser fluence. 
However, for LaAlO3, only films grown at a laser fluence of 1.6 J/cm
2 were found to possess 
ideal stoichiometry. Interestingly, this ideal fluence is roughly 3 times higher than the ideal 
fluence for SrTiO3. Structural studies performed on these films (XRD, RHEED, AFM) do not 
show strong manifestations of stoichiometric deviation. RHEED shows step-flow or layer-by-
laser growth for all cases and AFM shows flat, atomically terraced films. Based on XRD, all 
films were found to be single-phase with small variations in lattice constant between films of 
different compositions. This indicates that structural studies are a poor metric for detecting such 
effects in the LaAlO3 system and that previous studies, which largely depended on such 
structural characterizations, may have mistakenly mischaracterized their films. We go on to 
study thermal and dielectric response of the LaAlO3 system. Both La-excess and La-deficiency 
were seen to decrease the thermal response by ∼20% for every 1% we are off in La-content 
films. The change in the dielectric permittivity and loss was somewhat asymmetric, however, 
with La-excess having no appreciable change of the permittivity or loss and La-deficiency 
decreasing the permittivity by ∼10% and increasing the low-frequency loss by a factor of ∼4. 
Based on prior work in LaAlO3 defect modelling, this is likely due to an increase in carriers in 
La-deficient films that does not occur in La-excess films. 
 We go on to characterize the effects of cation stoichiometry on the interface between 
LaAlO3 and SrTiO3, which has shown the emergence of a conducting state. We show how 
stoichiometric and La-excess films exhibit properties consistent with the polar catastrophe 
model. This is supported by the fact that the overall sheet resistance is higher, that the carrier 
density values are lower than the theoretical maximum, that clear indications of surface 
reconstructions in SrTiO3 are observed, and that the carrier mobility is lower. La-deficient films, 
on the other hand, exhibit evidence of extrinsic factors contributing to interfacial conductivity. 
This effect can additionally be seen in films grown at low pressure. For the case of the La-
deficient films, growth at 1x10-3 Torr results in metallic-like conductance which is attributed to 
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the cation (non)stoichiometry which could potentially drive reduction of the SrTiO3 and 
subsequent substrate contributions to conductance. Finally, in films grown at 1x10-6 Torr, 
extremely low sheet resistance, the complete suppression of the crossover transition, the 
extraordinarily high sheet carrier densities, and the large carrier mobility are consistent with the 
onset of significant substrate reduction and substrate-based conductivity. Overall, by controlling 
the film stoichiometry to within 5% of the ideal value observed dramatic variations in conduction 
as intrinsic and extrinsic contributions to the interfacial conductance compete. Furthermore, 
electrical and thermal studies on these interfaces as a function of thickness reveal that La-excess 
and stoichiometric films possess the highest quality interfaces while La-deficient films possess 
increasingly defective interfaces as the thickness of the film increases. Such insights may be 
instrumental in further study of the physical phenomena at these interfaces. 
 
6.1.5 Summary of Chapter 5 
 Chapter 5 concluded our studies with an investigation into the charge-ordered metal-
insulator-transition material NdNiO3. As in chapters 3 and 4, we begin with a study of the 
relationship between laser fluence and film composition. We found laser fluence to once again 
have a marked effect on the NdNiO3 film composition, with deviations up to 15% remaining 
completely soluble in the perovskites phase. XRD studies performed on films of several 
compositions between 15% excess Nd and stoichiometric films reveal single-phase, epitaxial 
pevoskite NdNiO3. These studies also reveal expansions to the out-of-plane lattice parameter, 
indicating the presence of lattice-distorting cation defects. Further increases to the Nd-content 
beyond 15% were seen to cause the formation of the layered perovskites phases of the 
Ndn+1NinO2n+2 family. We go on to probe the effect of compositional changes on electrical 
transport properties. Non-stoichiometry was found to greatly diminish the metal-insulator-
transition in NdNiO3. The TMI was found to decrease and the hysteresis was damped with 
increasing Nd-content. Finally, we investigated the impact of substrate orientation on electrical 
transport by grown NdNiO3 on 001-, 110-, and 111-oriented LaAlO3. Orientation was found to 
induce significant changes to the temperature and character of the transition, with both 110- and 
111-oriented films possessing greatly damped transitions. However, we noted that these profiles 
were derived from the van der Pauw method which relies on isotropic transport properties. When 
we looked at the raw data for different measurement configurations, we noted a distinct 
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anisotropy for both the 110- and 111-oriented cases. This served to cause a smearing out and 
damping of the transition, although in all cases the transport for each configuration was different 
than in the case of the 001-oriented film. We explained this by examining the orientation of the 
oxygen octahedral in the strain field for the different substrates. Having separated out extrinsic 
effects in these films, we are relatively confident in our ability to probe intrinsic effects in the 
rare earth nickelate system. 
6.1.6 Summary of Appendices 
 Appendix A discusses the methods used to determine laser fluence in our growths. We 
discuss the optical setup used to guide and focus the laser, as well as the methods used to 
determine the energy and spot size of the beam. Appendix B introduces the XPS method, 
including a brief summary of the physics of the technique. We also describe the process used to 
calibrate and quantify the XPS results in order to obtain reliable data on film composition. 
Appendix C discusses the RBS measurements, beginning with a brief introduction to the 
technique. We explain the process of fitting the simulated data to the experimental data and the 
methods used to assess the accuracy of the data. Appendix D introduces the TDTR technique, 
showing the experimental setup and briefly discussing the methods used for data fitting. 
6.2 Suggestions for Future Work 
 While a number of additional avenues for future work have come from our findings, we 
will focus here on several important studies that naturally follow the work discussed here. These 
include: 
1. Additional direct studies of defect structures in LaAlO3 and NdNiO3. Detailed XRD and 
STEM studies provided a very clear picture of the evolution of strain and defect structures 
in SrTiO3 films. Looking into similar studies for the LaAlO3 and NdNiO3 systems could 
provide helpful insight into the nature of (non)stoichiometry-induced cation defects in 
these systems. This could be especially informative for the LaAlO3/SrTiO3 interface, 
given the impact film composition was observed to have on film-substrate intermixing 
for the SrTiO3/NdGaO3 system. While some recent works have used STEM to investigate 
the LaAlO3/SrTiO3 interface, this work has not focused on the impact of stoichiometry. 
Directly mapping intermixing and point defect evolution near the interface could answer 




2. Studies on superconductivity and transport dimensionality in LaAlO3/SrTiO3. Since 
2004, there have been several studies noting the emergence of superconductivity in the 
LaAlO3/SrTiO3 system at temperatures below 400mK. However, these studies do not pay 
specific attention to film composition and assume the observed superconducting response 
to be an intrinsic effect. Considering the fact that oxygen-deficient SrTiO3 has shown the 
emergence of a superconducting state under such temperature conditions, it stands to 
reason that these effects at the LaAlO3/SrTiO3 interface could arise from the substrate 
itself. Toward this, low temperature transport studies for LaAlO3 films at different 
compositions could help identify whether this superconducting state is intrinsic to the 
stoichiometric interface, the result of low-growth-pressure substrate reduction, or the 
result of interaction between defects in non-stoichiometric LaAlO3 and the underlying 
SrTiO3 substrate. Additionally, investigating Shubnikov-de-Haas at high magnetic fields 
could provide important details about the effective thickness of the conducting region for 
these films. Such studies could help determine which films possess true 2D transport and 
which films possess 3D transport. 
 
 
3. Using growth-induced defects to stabilize ferroelectric ordering in SrTiO3. It has already 
been demonstrated that substrate strain can induce a ferroelectric response in SrTiO3 
films. We know that the introduction of point defects into the perovskites system can 
apply strain to the system, stabilizing ferroelectric order to high temperatures. It could be 
possible to grow highly defective SrTiO3 on substrates which apply compressive strain 
in order to stabilize out of plane ferroelectric order. 
 
4. Capping studies on LaAlO3/SrTiO3. It has been hypothesized that the electrons 
occupying the interface between LaAlO3 and SrTiO3 come from adsorbed chemical 
species on the film surface which are introduced when the sample is exposed to air. By 
growing capping layers in situ we may be able to screen out this process, thereby turning 
off the 2DEG formation. If we instead use a functional capping layer, such as a 
ferroelectric or MIT material, we may be able to switch the 2DEG on and off as a 
response to changes in the functional material. For example, by using the rare earth 
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nickelates, we can allow the metallic film to donate charge to the interface at high 
temperatures. When the MIT capping layer becomes an insulator, however, the donated 
electrons may no longer be accessible. 
 
 
5. Super lattices with rare earth nickelates with different TMI values. Since the MIT in the 
rare earth nickelates is strongly correlated to structural changes (octahedral tilts and 
changes in lattice volume), these transitions could be linked in a superlattice. Essentially, 
you might be able to induce an MIT in one nickelate by coupling it to the MIT in another. 
If you have, say, NdNiO3 (TMI = 200K) and PrNiO3 (TMI =100K), you may be able to 
induce the transition in PrNiO3 at 200k by structurally coupling it to transition in the 
higher TMI material, NdNiO3. However, if they only weakly couple, this superlattice 
could lead to multi-state transitions with an intermediate step existing when half the 
layers are insulating and the other half are metallic. 
 
6. Bending effects in rare earth nickelates. The MIT of the nickelates has already been 
shown to be highly sensitive to the application of strain, with a ~0.5% compressive strain 
causing a 100 K reduction in the TMI. By selectively etching and undercutting sections of 
the NdNiO3 film, we could pattern freestanding regions. We could then study the effects 
of bending on these films by applying stress to the freestanding region with an AFM tip. 
By sitting in an insulating state, the film could be made conducting with the application 




Ultimately, I have shown across multiple model systems that careful optimization of film 
growth is necessary to yield ideal films and that the limitation, in most cases, is cation 
stoichiometry. This arises from the fact that PLD is a highly complex growth process, which 
cannot be simply understood as an inherently stoichiometric sputtering process. Even minor 
deviations in parameters such as laser fluence can yield films with drastically different physical 
responses. When comparing these results to past literature, it is clear that any deviation from 
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ideal properties in structural, thermal, or electrical properties may be telltale signs of such 
stoichiometric deviations. While many have attributed such non-ideal performance to thin-film 
effects or oxygen vacancies, it is clear that these are no longer sufficient explanations if we are 
going to begin holding oxide materials to the same standards that have we traditionally held 
semiconductors. We can only move the field of oxide electrons forward by increasing the bar, 





DETERMINATION OF LASER FLUENCE 
For this work, we utilized only imaging 
mode configurations. More specifically, we 
focus our laser as an image of an adjustable 
(circular) iris aperture following the standard 
procedures in the field.177 For the LaAlO3 and 
NdNiO3 films, the laser beam comes out of the 
laser and passes through a 12.5 mm diameter, 
circular iris, is then reflected off three 90°, 
high-quality UV mirrors before passing 
through a 300 mm focal length lens. The beam 
then proceeds through a fused silica chamber window and finally strikes the target at a 45° angle. 
The total optical path is 280 cm in length and ~40% of the laser energy is lost between the iris 
and the target (5% at each mirror, 10% at the lens, and 15% at the chamber window). For the 
SrTiO3 films, the optical setup was slightly different. The beam exits the laser on passes through 
a 12.5 mm diameter, circular iris, reflects off of one 90°, high-quality UV mirrors before passing 
through a 300 mm focal length lens. The beam then proceeds through a fused silica chamber 
window and finally strikes the target at a 45° angle. In this case, the optical path is only 140 cm. 
The focusing lens is setup on an adjustable track with the focal point corresponding to the 
location closest to the window. We always operate with the focusing lens well retracted from the 
window in an imaging mode. 
Laser fluence was determined by measuring the energy of the laser using a calibrated, 
external energy monitor. Statistics are taken to assure small deviation in the laser energy. 
Energies are regularly checked prior to and following growths to look for deviations in the laser 
energy. Optimization of operating voltages was used to assure minimal laser fluence deviation 
between growths at a given laser fluence. Laser spot sizes were measured using optical 
microscopy of laser spots on both thermal paper and ceramic TiO2 targets (chosen for its bright 
white color and ease of identifying the ablated regime). Following a single laser pulse, on both 
thermal paper and TiO2, the surface of the samples is scanned into electrical form using a 
Table A.1: Spot sizes for the four laser fluence 
conditions. The spot profiles were taken by firing 
one laser pulse on a sheet of thermal paper. 
82 
 
resolution of 4800 dpi. Images are analyzed using Photoshop and the image analysis software 
Lispix (www.nist.gov/lispix) to generate a pixel intensity histogram. Using the software, we 
count the total number of pixels excluding the lightest pixels (which account for less than 2% of 
all pixels). The dark pixel area is added up to generate the total spot area. This is done 
consistently for all fluences. Some very small fraction of undercounting of the area is possible 
from the exclusion of the lightest pixels, but this procedure is used consistently between fluences. 
The actual laser spots and corresponding measured spot areas used for the work in this 
manuscript are provided (Table A.1). The spot size was varied by adjusting the position of the 
focusing lens, thereby keeping the total incident energy the same between different fluences. 
This method for controlling the laser fluence, holding the total incident energy per pulse constant 
while changing the ablation spot size, was done to enable access to a wide range of fluences 
without having to make significant changes to laser operating voltages, and thus the pulse-to-





X-RAY PHOTOELECTRON SPECTROSCOPY 
X-ray photoelectron spectroscopy (XPS) was performed using a Kratos Axis XPS with a 
monochromatic Al X-ray source with charge neutralization during collection via electron beam 
bombardment at an emission angle of 0° from the surface normal. These studies are thought to 
be sensitive to roughly the top 5-10 nm of the films. The XPS spectra of the La 3d and Al 2p 
edges of 10 unit cell thick films of LaAlO3 grown at various laser fluences are provided (Fig. 
B.1a and b, respectively. Corresponding XPS spectra of a LaAlO3 substrate used to calibrate the 
composition of the films are also provided (Fig. B.1c and d). Composition was measured and 
calculated by CasaXPS software. This software quantifies and compares the relative intensities 
Figure B.1: XPS spectra of the (a) La 3d and (b) Al 2p peaks for 10 unit cell thick films grown 
at various laser fluences. XPS spectra for (c) La 3d and (d) Al 2p peaks of a LaAlO3 substrate 
used for calibration. 
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of the relevant core electron peaks (Sr 3d and Ti 2p in the case of SrTiO3 and La 3d and Al 2p 
in the case of LaAlO3) to obtain the chemical composition with the assumption that the number 
of electrons recorded is proportional to the number of atoms present within the probed volume. 
The calibration to the SrTiO3 and LaAlO3 substrates were done as follows: the composition of 
the substrate was calculated using a Tougaard background. The relative sensitivity factor of the 
Sr and La 3d peaks were set to the software’s published value. The relative sensitivity factor of 
the Ti and Al 2p peaks were adjusted until the calculated cation stoichiometry of the substrate 
matched the manufacturer’s compositional report, or 50% Sr and La. Those two relative 
sensitivity factors were then used for the calculation of the film composition. We do not use XPS 
to obtain information about the oxygen chemistry of the system, as any ex-situ measurements 
will have minor organic contamination on the surface. These organics will contribute to the 
oxygen signal, making any information gained from an analysis of the oxygen peaks meaningless 
with regards to the underlying perovskite. 
Note that multiple XPS scans of the SrTiO3 and LaAlO3 substrates showed a deviation of +/-1% 
Sr and La, respectively, between successive scans for fixed relative sensitivity factors. For this 
reason, we believe our XPS results to be accurate to within +/-1% Sr or La. The reported error 
bars represent this deviation between multiple measurements of the same sample in the XPS 
system and are meant as a rough estimate of the measurement error from the system. The extreme 
surface sensitivity of this analysis technique makes the ultimate results sensitive to potential 
variations or uncertainties in surface termination of the calibration substrate and film. Such 
effects were observed in Chapter 3, where differences were observed between as-received and 
etched-and-annealed SrTiO3 substrates via XPS. Absolute determination of the surface 
termination of perovskite crystals is difficult and requires a dedicated study to achieve reliable 
information. Prior studies, however, have investigated the surface termination of LaAlO3 (001) 
substrates in detail.178 This work has found that LaAlO3 (001) single crystals are singly-
terminated (mixed terminations only occurring at elevated temperatures) with AlO2-termination 
up to ~150°C. This is convenient since we exclusively utilized etched-and-annealed, TiO2-
terminated SrTiO3 (001) surfaces in the synthesis of the LaAlO3 thin films which should result 
in an AlO2-terminated LaAlO3 films. This, in turn, makes a direct comparison of the LaAlO3 
(001) surface of a single crystal as a standard seemingly appropriate and within the realm of best-
practices in this case. Additionally, for each individual run in the XPS system, we included a 
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SrTiO3 or LaAlO3 single crystal for comparison and as a standard. In this process, we have 
examine a large number (at least 10 different) of SrTiO3 and LaAlO3 (001) substrates and 
subsequently compared the observed XPS spectra between different crystals. In all cases, the 
spectra are essentially the same. For these reasons, we believe that the largest source of 
compositional uncertainty arises, in turn, not from the uncertainty in the substrate surface 
termination, but from instrumental uncertainty (which we found to be +/-1%). In other words for 
a sample noted to have (for instance) 55% [A]/([A]+[B]) ratio, the composition is acknowledged 





RUTHERFORD BACKSCATTERING SPECTROMETRY 
We performed Rutherford backscattering spectrometry (RBS) with an incident ion 
energy of 2000 keV, incident angle α = 22.5°, exit angle β = 52.5°, and a scattering angle θ = 
150°. Studies of at least 100 nm thick SrTiO3, LaAlO3, and NdNiO3 samples were completed to 
confirm the composition measured with XPS. Note that RBS studies were not completed for the 
10 unit cell thick films used in the transport studies for chapter 4 due to limitations in signal from 
the ultra-thin films. For both SrTiO3 and LaAlO3, we see good agreement to within 1-2% of the 
values measured in XPS. Figure C.1a shows a wide-range view of data for a nearly stoichiometric 
SrTiO3 thin film along with the best fit (Sr1.01Ti0.99O3) and fits corresponding to 2% Sr-excess 
(Sr1.04Ti0.96O3) and 2% Sr-deficiency (Sr0.96Ti1.04O3). On this scale, all models fit the data well. 
Upon closer inspection of, for instance, the Sr-peak in the RBS data (Fig. C.1b), a clear 
discrepancy between the models and data is found. Both the 2% Sr-excess and the 2% Sr-
deficiency models bound the data (above and below, respectively). 
In order to more clearly determine the accuracy of the method, we performed a statistical 
analysis of the fitting for SrTiO3, LaAlO3, and NdNiO3. Here, we will use LaAlO3 as an example 
for how this analysis was performed. RBS fits for the La-excess, nearly stoichiometric, and La-
deficient films (Fig. C.2a-c, respectively) are provided. The fits reported here were completed 
using the built-in fitting program in the RBS analysis software SIMNRA (simnra.com). The 
Figure C.1. (a) RBS data for a nearly stoichiometric SrTiO3 thin filmalong with corresponding fits for 
stoichiometric, 2% Sr-rich, and 2% Sr-deficient films. (b) Clear distinction between the data and the 
various models is reveals upon close inspection of the Sr-peak in the RBS data.  
87 
 
SIMNRA data fitting program uses a Simplex algorithm for fitting.179,180,181 We have also 
manually investigated the fits of a wide variety of compositions to directly address and quantify 
our RBS resolution. We have completed a number of simulations for various La-Al ratios and 
have provided the results of least-squares-fits for the fits relative to the experimentally observed 
data for the three films (Fig. C.2d-f). The coefficient of determination (so-called R2) or the 
residual sum of squares divided by the total sum of squares was determined using the following 
formula: 





where the y-values correspond to the intensity of the experimental data and the f-values 
correspond to the simulated data. We note that for these fits, we focused only on the portion of 
the experimental data around the La- and Al-peaks. The goal of this procedure was to prevent 
the fits for the substrate peaks form artificially increasing our R2 values. This, in turn, may result 
in slightly different ideal fits to the data from the holistic, broad spectrum approach used in the 
Figure C.2: (a) shows an RBS spectrum for the 200nm-thick La-excess film. (b) shows an RBS 
spectrum for the 200nm-thick stoichiometric film. (c) shows an RBS spectrum for the 200nm-thick La-
deficient film. RBS results for all films agree with XPS results to within ~1%. (d)-(f) shows the R2 value 
for the films as a function of simulation model composition. There is a ~1.5-1.6% interval over which 
we are confident in the film composition. 
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SIMNRA-Simplex algorithm, but provides a clear pathway to address the resolution of our data. 
We have plotted the R2 value as a function of the [La]/([La]+[Al])*100 percentage. When we 
analyze the date for, as an illustrative example, the La-excess film, we find that it is difficult to 
uniquely differentiate fits of the data between 53.35% and 55.06% La. Thus, from the least-
squares-fit of the data surrounding only the La- and Al-peaks we find the stoichiometry of the 
film to be 54.3 ± 0.8% La (or La1.086Al0.914O3) for this film. This is very close to the fit from the 
SIMNRA software for this same data (54% La). Regardless, this analysis allows us to determine 
that we can report compositional data to within ~1.6% accuracy for these films. This is enough 
to reveal systematic differences between films grown at various laser fluences and, when 
combined with the XPS data, reveals systematic trends in the stoichiometry. Note that no 
information about oxygen stoichiometry is obtained from this analysis, consistent with standard 






TDTR is an optical-based pump-probe technique that we have used to measure the 
thermal properties of our films. The placement of optical components can be seen in Fig. D.1.182 
First, the laser output passes through a ½ optical wave plate and isolator which helps control the 
beam power for the experiment. The second wave plate enables us to determine the relative 
intensities of the pump and probe beams. The pump beam passes through an electro-optic 
modulator where it is set to a certain frequency, 9.8 MHz in our experiments. The pump beam is 
then reflected onto a delay stage, which is adjusted to control the offset between the pump and 
probe beams. Finally, the pump beam passes through an optical filter before being reflected 
through the microscope objective onto the sample. The probe beam is separated from the pump 
Figure D.1:182 Optical component map for TDTR experimental setup. 
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beam at the first PBS and is reflected by two mirrors through a mechanical chopper. It passes 
through an optical filter before being reflected through the objective onto the sample. The 
position of the pump and probe beam on the sample can be controlled independently to ensure 
maximum overlap between the beams. The probe beam reflects off of the sample, back through 
the microscopic objective, and is incident on a photo diode which tracks the probe beam 
intensity. This allows us to monitor the reflectance of the sample surface. Data is collected by 
adjusting the offset between the two beams using the delay stage. We fit simulated data to the 
collected data via MatLab, using methods that have been developed elsewhere.183 An example 
of this fit can be seen in Fig. D.2. We deposite an Al layer on our films for this experiment, 
which serves as an optical transducer for the measurement. Al is chosen because it has a high 



























Figure D.2: Experimental and modelled data for a stoichiometric 100nm LaAlO3 film. The peak at ~20 
ps corresponds to the acoustic wave created by sudden heating of the Al transducer layer, which bounces 
off of the Al-LaAlO3 interface. 
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